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PRECIPITATION 

ABSTRACT 

IN A CR-MN-N STEEL CONTAINING 

AND VANADIUM ADDITIONS 

Janet 

The work presented in this is an investigation of the influence of 

vanadium on the microstructural evolution of a high nitrogen alloy during 

treatments. 

was to induce precipitate 

motivation for the niobium and vanadium additions 

that would result in a homogeneous distribution 

of particles and improve of the steel. were 

intended for applications requiring good wear both materials' 

It was important and capacity plastic work should optimised. 

Tn"",."'T,,.,.,.,,, to limit the loss in the materials' capacity for 

reactions. 

work that 

can 

alloy compositions, with different of niobium and um, were 

for investigation. Specimens of alloys were first 

1 and then aged at 11 OO°C, lOOO°C and 800°C for The 

evolution during ageing was using light microscopy, and 

crystallography were identified using x-ray mapping 

electron diffraction 

Both MX precipitation and M2X precipitation were observed in range of al 

investigated, but of particular interest was formation of precipitates in a 

the natu re of the 

the mechanical 

lular manner, which frequently competed with the MX 

niobium and 

that occurred at 

of the 

urn balance in alloys determined 

temperature, which in turn 

precipitation embrittled the 

whereas MX precipitation improved strength, without ng the 

lity to plastically deform. Improved wear performance high nitrogen 

IS dependent on um and vanadium balance in the alloy 

of additions on precipitation 
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OF ABBREVIATIONS 

- Convergent Beam Electron Diffraction 

CIIM - Chemically Induced Boundary Migration 

DCP - Discontinuous Cellular Precipitation 

DIGM - Diffusion Induced Boundary M 

Backscattered Diffraction 

FCC- Centred Cubic 

HCP - Hexagonal Close packed 

HNS - High Nitrogen Steel 

K-M - Kossel-Mollenstedt 

SAD - Selected Area 

SEM - Scanning Electron Microscope 

TEM - Transmission Electron 

Yin - Index for influence of on precipitate formation in the high 
nitrogen steel alloys at 11 

XRD - X-Ray 

Indexing 

Mil :(111 ) 11 ) 
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INTRODUCTION 

1.. INTRODUCTION 

H nitrogen alloys are widely today in many ications. 

research The popularity of this engineering material developed from 

conducted on nitrogen loyed steels over the last years. The benefits of nitrogen 

additions to steels been known since 1930s, but complications 

manufacture of alloys with appreciable nitrogen limited 

the use of this element. More recently, manufacturing methods have improved and 

high nitrogen with up to 1 wt% n additions, are avai commercially. 

nitrogen is introduced to the byapplyi a high nitrogen pressure 

the melt, or the solubility of the nitrogen in melt by appropriate 

alloying. A of similar alloys, with different nitrogen are currently 

produced by umbus Stai for commercial use have located the 

trade name CROMAN 

A cast high steel alloy, similar to CROMAN t but with greater 

levels, was intended for appl 

mining industry in South Africa as I 

trucks. The lent combination 

materials them suitable 

that addition of niobium and 

requiring good wear nent to 

for ore and floor pans of ore carrying 

high strength and good toughness exhibited by 

for applications. It was thought 

the steel would precipitation 

reactions, such that a homogeneous distribution of precipitates would in the 

and improve the . Similar precipitation reactions occur 

in high strength low alloy (HSLA) as a result of niobium and vanadium additions 

and are partly responsible for the high of materials. 

the motivation for addition of niobium and vanadium to the high nitrogen 

further improvement of the mechanical performance of the 

with emphasis on the wear of the steel. 

In spite of the large amount that has completed in the 

on high nitrogen steels, has been I investigation of the 

ten years 

of precipitate 
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CHAPTER 1 INTRODUCTION 2 

forming elements as niobium, vanadium, titanium, rconium and on 

the microstructural evolution in high nitrogen steels. In addition, results have 

reported on mechanical behaviour high containi 

precipitates other than chromium nitrides. A significant amount of work has been 

published on the addition forming elements such as um and 

vanadium to conventional stainless with regard to the improvement of creep 

Some comparisons can be between evolution in these 

steels and nitrogen In addition, the nature of precipitate formation in 

HSlA due to additions as niobium and vanadium can used explain 

observations in the high nitrogen 

The vu ...... ""u of the current study was to determine the optimum niobium and 

vanadium that should be added the high nitrogen base composition so 

that a distribution precipitates would form and improve the wear of 

the steel. An initial i of evolution in a range five alloys, with 

different niobium and vanadium levels, showed that that additions result in 

reactions that would not otherwise be expected in the Further, 

these elements also influence the formation of chromium nitrides, a form of 

precipitation that was expected in steel. From these initial observations it was 

decided that three more alloys, with different combinations of niobium 

vanadium, were red for a complete of the influence of niobium 

and vanadium additions to high nitrogen steel base alloy. 

The objective of this thesis is to characterise the influence of niobium and vanadium 

additions on microstructural evolution in high nitrogen alloys. different 

alloys were studied with different of niobium vanadium additions such 

combined of elements on could be as well 

as the individual influence each Three different ageing temperatures were 

chosen so that influence niobium and vanadium on the precipitation reactions 

that were eXfJected to occur in high nitrogen alloy could characterised. 
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CHAPTER 1 INTRODUCTION 3 

Further, selection of temperatures allowed an investigation those 

precipitation reactions that were a consequence the niobium vanadium 

add to the h nitrogen steel composition. 

solidification behaviour of loys determined the nature of the microstructure 

in the ution condition, which in tum infl the behaviour the steel 

subsequent to ng Evidence of precipitate formation during 

solidification therefore motivated a study of the influence niobium vanadium 

additions on the solidification behaviour of the nitrogen steel alloys. 

discontinuous lular precipitation of chromium nitrides commonly observed in high 

nitrogen was attention, niobium vanadium additions 

showed a profound uence on reaction. formation fine niobium 

vanadium rich nitrides showed the most potential for improved wear thus 

influence of time on the growth of these precipitates consequent 

influence on behaviour was 

The the d ,.,."' .. "'",. forms of precipitation on the tensi properties of alloys 

was evaluated. Alloys in which precipitate reactions resulted in a good combination 

of and ductility were for abrasive wear tests, to whether or 

precipitation did in fact the of improving the 

wear performance of high nitrogen alloys. 
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CHAPTER 2 LITERA TURE REVIEW 4 

LITERATURE REVIEW 

2.1 HIGH NITROGEN STEElS - BACKGROllND 

Austenitic stainless steels account for the largest consumption of stainless steels 

world widel, and are known for their good and excellent 

formabil The strength of austenitics is inherently low, of the order of 

their popularity a demand to improve the 

stainless the strength of 

by work, 

of intermetallic phases have not 

the <:t"r<:.nn"tn and toughness of the steeF-4. I 

of improvi strength of austenitics, both by 

by precipitation hardening4
• Although 

ution strengthening and 

in optimising 

the possibilities 

id ution strengthening and 

substitutional elements makes little contribution 

solution strengthening by 

strength of austenitic 

improves the strength stai the addition of interstitial 

considerably, without a notable loss in 

of various alloy elements on 

7 Figure 2.1.1 shows the 

and shows that 

by solid solution profound on 

The influence of nitrogen additions on has been the 

the 1940s, but mainly as a substitute for nickel additions, 

usuallyaoclea in combination with Nitrogen stabilises the 

prevents the transformation to during rapid cooling and 

deformation, providing a cheaper to nickels,9. Because of high 

costs uced availability, in the 1950s a nickel austenitic stainless 

was 

AISI 316 

with an alternative composition of 0.5 wt% nitrogen and 15 wt% 

Currently, nickel free 

and r'r>lr1<';"'" 

umbus Stainless in 

nless show a cost advantage over 

nitrogen steels have been more 

manufactured an 
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CHAPTER 2 LITERA TURE REV/EW 5 

nickel containing nitrogen additions in excess of 0.5 wt% and 

manganese than 12 wtOJo the steel the trade name 

~ 
.:..:::: 

~ 
(/)'+12·5 

Interstitia Ify dissolved elements 

V') 
W 

ex:: ... 10 t;; 
u.. 

2 a.. 

w 
lJ 
Z 
« 
I 
U 

o. 

A 

and 

Substitutionally dissolved 
ferrite - forminq 
elements Substitutionally 

dissolved austenite-= ---M-n-,,~mi~ elements 
Co 

-.........,IIIJ-----Ni 

2·0 4-0 

The effect of alloy elements on the solid solution strengthening of austenitic 
Irvine et 

of alloying steels is its low solubility in melt 

compl ications The solubil Trn~::.r"'n in 

liquid iron is approximately 0.045 wt°/o 1600°C at 

can improved by employing a 

appropriate alloy additions13,14,16. 

overpressure to the 

remarkable effect of nitrogen on 

and by 

strength 

of austenitics has motivated for improved manufacturing techniques, which have 

resulted in nitrogen levels of up to 1 wt% 13, ,There are two methods whereby 

Trn'''l'on can be introduced in the first by nitrogen pick-up a at 

interface, and <:0'·1"\1"' ...... 

in the 

high nitrogen 

the n·,. ..... ' .... "", ... is introduced into 

compounds and the 

above the melt13,15,16. 

the introduction of materials or 

most common rYlCI,Tnr,r1 

electro-slag 

melt by addition of nitrided or by 

in the melt is kept by a nitrogen 

avoid degassing, the melt is allowed to 
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CHAPTER 2 REVIEW 6 

solidify under nitrogen pressure15
,16. Nitrogen can also introduced in the steel 

by powder routes where metal powders are nitrided, and then 

compacted by hot isostatic pressing (HIP)15,16. Alternatively the powders are 

combined with chromium nitride powder and then HIPed16. benefits 

nitrogen on austenitics can also realised by nitriding finished metal but 

this strengthening is limited to thin or the surfaces of 

sections 13.16. 

It is possible, with the correct alloy chemistry, to cast high nitrogen steels at 

atmospheric pressure14. Figure 1 shows the influence of alloy additions on the 

activity coefficient (fN) of nitrogen in the melt, which is to indicate the degree 

of solubility of nitrogen in the melt, a low value of fN meaning a high ubilityl4. 

and chromium additions greatly improve the solubility of nitrogen in 

the mele4. Other elements such as niobium, titanium, vanadium and zirconium 

also improve the nitrogen solubility, their use is limited to low levels since 

they have a tendency to form nitridesl0.13.16. CROMANITETM alloy is cast at 

atmospheric pressure and the nitrogen levels are achieved by correct alloy 

additions12
• 

Manganese has little influence on strength of austenitic steels but 

advantage alloying with this omon1- is on nitrogen solubility and 

lity stabilise the austenite phase I7
,HI. Manganese increases the work 

hardening ability of austenitics and consequently improves the toughness17
,lB. 

Likewise nitrogen additions also improve the work hardening ability and 

toughness of the 7,18. It has been reported that high nitrogen-manganese 

best combination of strength and toughness of all materials 

available today {figure 
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CHAPTER 2 LITERATURE REVIEW 7 

1.0 

SI 

o.a 

0.6 

0.4 

0.2 .-
><% - Nt E:::::::=:=: ell 

0'1 
0 

0 ------w 
-0.2 

-0.4 

-0.6 

-O.s ) 

-1.0 
o 2 4 6 a 10 12 14 16 

content of alloying elements, [weig ht-percent} 

2.1.2 The influence of alloy additions on the solubility of in the melt represented by 

the fN after Rechsteiner et a/14
• 
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CHAPTER 2 

2.1.3 

1000 
Z 

-o .., 
:!:r:: 

100 

10 

1.0 

0.1 

0.01 
0.1 

LITERATURE REVIEW 

C .... lIIftGIMering ~ 

Cp •••• porous ceramk.;. 

P'f .... polymer foam. 

P .... engineering polymers 

W .... wood. 

1 10 100 ~ooo 

yield strength, Ap, (MPa] 

8 

relationship DerWe!~n .atlrl<><<: of materials available after 

improves the ct""''''n<J'rn of via """fer::! strengthen i ng 

mechanisms. The nitrogen atoms in solution in the face 

cubic (FCC) structure to distorted, which h dislocation motion, 

thus the strength19
,2o. The of distortion is measured in 

in lattice parameter of the austen and is as an indication 

nitrogen concentration on steel 19
• In addition solid solution 

strengthening effect, nitrogen additions improvt:,the boundaries 

to as dislocation movement, consequently ng the Ky, 

I-Petch relationship equation relates increased yield stress 

with grain size)19,20,21. Nitrogen additions austenitics lower 

stacki of the considerably19.22.23. Reduced stacking fault 

promotes planar arrays of dislocations24
, which enhances effect of n 

boundaries resist dislocation motion21
• Nitrogen alloyed steels therefore 

demonstrate a yield for a given grain than without 
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CHAPTER 2 LITERA TURE REVIEW 9 

nitrogen additions I9
-
25

• effect of levels on the Hall-Petch Kyat 

three different temperatures, 20°C, 300°C and 600°C is shown 1.421
, 

5 

o 
N , 

1.4 

Norsrrom 21
• 

of nitrogen content on H::II'I_pt>frn factor, Ky for austenitic 

A consequence of reduced ng fault energy in the steel, is the ability of 

the material to work harden considerably before lure24
,26,27. In materials with 

low deformation occurs by planar slip, as opposed to cross slip24 and in high 

steels this is illustrated by both planar and deformation 

twinning occurring at lower Further, deformation structure is 

initially by the of gl planes and by intersection 

of twin planes and order twinning24,2B. It is these deformation 

characteristics account for the enhanced work hardening ability high 

nitrogen steels. 

High nitrogen steels 

temperatures. It 

been to lose 

observed that when H NS 

lOOK, flat are observed on fracture 

occurred some sort of cleavage mechanism but since 

toughness low 

at temperatures below 

Brittle re therefore 

are no river lines 
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CHAPTER 2 LITERA TURE REVIEW 10 

and only straight facets, 

reasons that have been given 

the low stacking fault C,-,,,,,,'Tnl 

manganese contents29
• 

dislocations is inhibited 

results in 

mechanism must govem brittle 

flat on the fracture 

materials as a result of high 

fault energy is low, cross 

is strongly planar. The planarity 

formation of slip bands, which have 

{111} planes. This can 

identified as the flat 

fracture surface29
• Muller et al another explanation for brittle fracture, and 

said that the intersection of mechanical twins (both first order and second """""£"'"' 

results in stress concentration at the 

initiation and crack propagation 

The high strength and good toughness 

suitable for a wide 

. The CROMANITpM 

wear applications, specifically in 

as liners for chutes, lifter 

transport ore12
• It was thought that 

such as niobium and vanadium might 

making it better suited for wear appl 

of intersection and finally 

twin planes30
• 

high nitrogen steels make 

in 

as wire ropes, springs and bolt 

South Africa, was intended for 

mining industry and consequently 

in ore crushers and liners for lorries that 

addition of precipitate forming elements 

in increased hardness of the steel, 

2.2 PRECIPITATION REACTIONS IN HIGH NITROGEN STEELS 

Different precipitation 

result of the addition of 

of the high chromium and 

are nitrogen some are a 

elements and others are a 

in . In the sections that follow, 

precipitation commonly occur in high nitrogen steels are 

discussed first. These reactions are restricted to different forms of chromium 

nitride precipitation observed in high nitrogen steels. A discussion of 

discontinuous cellular mode of precipitation follows, with particular rcu,ref'>r£> to 

chromium nitride precipitation in h 

reactions are possible in steels as a 

nitrogen steels. Two possible precipitation 

of niobium and vanadium: 
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CHAPTER 2 LiTERA TURE REVIEW 11 

that form during solidification and are often characterised by a eutectic reaction 

and those that occur during ageing. Both of these types of reactions are discussed 

with emphasis on the factors that control their evolution, as well as their effect on 

mechanical properties. 

2.2.1 CHROMIUM NITRIDE PRECIPITATION 

Chromium nitrides are notorious for their deleterious effect on the corrosion 

integrity and toughness of austenitic stainless steels therefore much attention has 

accordingly been given to the formation of these precipitates2
,3. Chromium 

nitrides in austenitics have been reported to exist in various different 

stoichiometric forms, such as Cr3(CN)7' Cr2N, Cr23 (CN)6 and CrN, depending on 

the composition of the steel. The Cr2N, CrN and Cr23(CN)6 have been observed in 

high nitrogen steels, with Cr2N being the most common 2
,3,31,32. Cr2N precipitates 

have been reported to form both continuously (ie. by nucleation and growth of a 

precipitate phase at a heterogeneous nucleation site) and also by discontinuous 

cellular precipitation of Cr2N lamellae2
,3,31,32. The discontinuous cellular 

precipitation reaction is characterised by the formation of alternate lamellae of 

precipitate and matrix, less saturated with solute, which develop into a cell behind 

a migrating boundary. Further discussions on the nature of the discontinuous 

cellular precipitation and its importance to the current work will follow. 

2.2.1.1 THERMODYNAMICS OF CHROMIUM NITRIDE PRECIPITATE 

FORMATION 

Chromium nitride precipitates form in austenitic stainless steels during prolonged 

exposure to temperatures in the range of 500°C to 1000°C; the type of chromium 

nitride that forms in this temperature range depends on the alloy 

composition2,3,29,32,33,34,35. In steels with similar carbon and nitrogen levels, the 

M 23 (CN)6 precipitate has been shown to co-exist with theCr2N precipitate when 

the aN ratio is greater than 0.15, but at higher nitrogen levels only the Cr2N 

precipitate was observed35
• The activation energy for the formation of Cr2N in 

these steels was shown to be less than for the formation of M 23(CN)6 precipitates 
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2 LITERA TURE REVIEW 12 

and could be decreased by the nitrogen rnrma .... .,.­ Thus in steels 

highly alloyed with nitrogen, precipitate is to form in 

rOT<"ro'"tra to the M 23CN
6 

formed on between 600°C In 

and 1 

ternary system, CrN 

36. These precipitates continuously at short times and 

then to a discontinuous form of precipitate after 

Similar behaviour was observed in AISI 316LN type 

occurs continuously ageing times of 100 

ti mes36,37. 

after 

extended up to 500 formed discontinuously33. The 

cellular precipitation CrzN in austenitic stain was 

favoured by the high supersaturation nitrogen in the steel, and has been 

observed temperatures between 700°C and 1000°C31
• 

it has 

high 

r"'r'AM~",rI that other phases may during ageing at in 

of Laves 

an austenitic 

in high nitrogen 

The addition can formation 

phase39
• also been reported occur, 

1000°C, when niobium is added in small amounts to 

nless steel (Nitronic 50)38. phase was also form 

on ageing at 800°C was found at the migration front of 

a discontinuous CrzN precipitation32
• phase was in 

nitrogen to a tetragonal structure with parameters a = b = 0.8800 

nm and c=0.454430 nm32AQ. 

1 CRYSTALLOGRAPHY OF CHROMIUM PRECIPITATES 

Several different values for the lattice parameter of chromium nitrides 

reported for high Values by Goldschmidt 

chromium nitrides, on the Cr-N binary system, 4.759-4.805 A and c 

et al have quoted for Cr2N precipitates 
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in high nitrogen-manganese of a 4.18;\ and c 4.44 and Simmons et 

I n contrast, 

for alloys 

have given the same values for a 15 wt%Cr - 15 Ni 

Mukherjee et al have a 2.275;\ and c = 

with high manganese levels nickel levels; however nitrogen levels 

were not as high as in the work by Vanderschaeve40
• et al have 

shown that it is possible that a precipitate may form, in alloyed with 

with two possible parameter values43
• Diffraction patterns taken 

from the precipitates show that a A nitride can form with a = and c = 

4.438;\, and a type B nitride can form with a = 4.76 ;\ and c 

TTor'Oi1,ro between the 

TI"""""""'" atoms in the 

and type B nitrides arises from of 

precipitate. Type B nitrides 

atoms with the 

the octahedral sublattice. 

that have a disordered arrangement in 

type A nitride contains nitrogen atoms 

interstitial sites of the HCP of the 

N 

orientation relationship for 

pac:K€!d planes and directions are 

in an FCC matrix is 

Presser and 

austen 

The Cr2N 

spherical, but 

energy 

have shown that 

that after further 

shown that the 

(111)y/f(OOOl) Cr2N; 10]yll[1-210]Cr2N 

have given a different orientation relationship for Cr2N in 

(110)y/f(0001)Cr2N & {1-1 

as 

shaped 

been shown to be 

uc; ..... c ..... ;'c; of the high misfit strain 

Cr2N precipitate and the austenite matrix43
• Sundaraman et al 

type A nitride is an early form of nitride precipitate and 

ng it develops into the type B Sundaraman et at have 

between and the matrix is 
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taken up elastically in the matrix, which can of nOlror'fC such 

as and stacking faults43. In high 

been reported to occur between the lamel 

et al discussed the growth of a precipitate from 

morphology, and postulated that broad of 

IJV~'':)C:;;'':) a semicoherent interface with the austenite while the narrow 

will possess an incoherent interface46. Owing growth 

expected on the semicoherent face of the precipitate, self "'rr'nMf ... rn,"rI~.hn 

strain at the interface is facilitated by the formation of partial 

partials would form on the {111} plane which 

orientation relationship of HCP precipitates with FCC 

have been observed during the precipitation of 

broad of the plate-like precipitates48. These 

manganese-high carbon steels. It is known that 

twins 

ite with a 

will 

would be 

of shear 

with the 

in 

fault energy of the steel, which would 

dislocations and stacking faults. A possible 

twins might lie in a combination of the 

high nitrogen steels and the formation 

occurrence of 

Cl,:),:)V ..... I'CllC;U with 

within 

n"'''·>A/e.an precipitate lamellae during precipitate growth. 

Precipitate Stoichiometry: M 23(CN)§. 

The crystal structure of the M23(CN)6 precipitate is with a lattice that 

10.56A and 10.70A, depending on the composition of the 

The formation of these precipitates is favoured when the contains 

of carbon35
,39. The metallic constituent, M contains mostly chromium, but 

has been reported also to contain elements such as nickel, molybdenum and 

precipitates have a cube-cube orientation relationship with 

austenite matrix35
,39. M 23(CN)6 precipitates are more to 

resistance of austenitics since they remove a greater amount 

solid solution than the Cr2N precipitates. 
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Precipitate Stoichiometry: CrN 

The CrN precipitate has a NaCI FCC crystal structure and has been reported to 

have a lattice parameter of 4.14 ).42, similar to the values given by Goldschmidt for 

the Cr-N binary system39
• These precipitates were also reported by Simmons et ai, 

to occur discontinuously where twinning between the precipitate lamellae was 

also observed42
• In addition, when these precipitates occurred continuously, the 

precipitate/matrix regions were highly deformed, indicating that there is a large 

amount of misfit strain energy between the precipitate and the matrix42
• It has also 

been reported that the CrN-type precipitates in Fe-18 wt%Cr alloys have a 

distorted NaCI FCC structure, with lattice parameters a = 3.97 ). and c = 4.12 )'37, 

2.2.2 DISCONTINUOUS CElLULAR PRECIPITATION 

A Brief Description 

Discontinuous cellular precipitation (OCP) is a precipitation reaction that results in 

the formation of a two-phase lamellar structure behind a moving boundary or 

reaction front50
•
51

, The two-phase structure consists of a precipitate and a less 

saturated matrix phase, which grows behind a reaction front as it migrates into the 

solute rich matrix. The discontinuous precipitation reaction has been observed to 

take three different forms, for which Williams and Butler have given the following 

descriptions50
: 

Type 1 Reaction: 

a a' + P 

The type 1 reaction results in the transformation of single phase a, supersaturated 

with solute, behind a moving boundary into alternate lamellae of P precipitate and 

less saturated a'. This reaction is typical to high nitrogen steels, which are usually 

fully austenitic and supersaturated with nitrogen prior to ageing treatments. The 

austenite decomposes into alternate lamellae of precipitate (either Cr2N or 
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M 23C/1
,32,34) and austenite, less saturated with nitrogen and to a lesser degree, less 

saturated with chromium29,30,32. 

Type 2 Reaction: 

a + y a' + y' 

In the case of the type 2 reaction, the microstructure consists of a two-phase 

structure prior to precipitation: a supersaturated matrix a and a coherent 

precipitate y45,51. This reaction is characterised by coarsening of the y precipitate 

already present in the microstructure, into a lamellar form behind a moving 

boundary. This type of reaction is often termed discontinuous coarsening, 

characterised by a decrease in the solute saturation in the matrix to a' and in some 

cases the coherency of the precipitate y will decrease and transform to y'. 

Type 3 Reaction: 

a + y a' + 8 

This reaction is similar to type 2 reaction, but instead of the same precipitate 

simply coarsening, the original precipitate y, transforms into a new precipitate 8, 

with a lamellar structure together with a simultaneous decrease in solution 

saturation in the matrix50
• As a consequence, alternate lamellae of less saturated 

matrix a' and the 8 precipitate form behind a moving boundary. The y precipitate 

is usually a coherent metastable precipitate and transforms to a more 

thermodynamically stable 8 precipitate50
• 

It is only the type 1 reaction that is relevant to the current study, therefore further 

attention will not be given to reaction types 2 and 3 in the present review. Much 

work has been completed since the 1950s on discontinuous cellular precipitation 

in an attempt to understand the mechanisms and driving forces which govern this 

reactionso• Most of this work has been completed on binary alloy systems but in 

some cases the effect of third elements has also been studied. More recently, the 

discontinuous reaction has been investigated in steels, first in the form of M 23C6 
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precipitation34 and later, with the development of high nitrogen steels, the 

precipitation of Cr2N31
,32. Cellular precipitation has also been recognised in 

austenitic steels alloyed with nickel and titanium, where titanium rich precipitates 

have formed discontinuously4. The discontinuous coarsening reaction is also 

relevant to the current work. This reaction is observed once discontinuous cellular 

precipitation has occurred extensively in material and results in the formation of 

new precipitate colonies with a wider interlamellar spacing, than in the old 

precipitate colonies52
• The new precipitate colonies nucleate on the precipitate 

cell boundaries that are already present after the first discontinuous reaction52
• The 

second discontinuous reaction, or discontinuous coarsening reaction, proceeds 

more slowly than the first reaction 52
• 

Discontinuous cellular precipitation is different to continuous precipitation, which 

involves the nucleation of a second phase particle on a heterogeneous nucleation 

site such as a grain boundary or dislocation. Growth of the particle is then 

facilitated by diffusion of solute to that particle, either by volume diffusion or by 

boundary diffusion. This type of precipitation reaction is what is normally 

expected to occur in a supersaturated solid solution and typical examples include 

the precipitation of CuAI2 in the aluminium-copper binary system. Precipitate 

evolution in such cases results in the classic formation of GP zones, followed by 

coherent precipitates and finally incoherent precipitates. Discontinuous cellular 

precipitation is morphologically similar to eutectoid precipitation reactions, such 

as the formation of pearlite in the Fe-C system, but the reaction mechanics of DCP 

are different to eutectoid precipitation. The migration of a reaction front is not 

required for the peariitic reaction, in which a co-operation between forward 

nucleation and edgewise growth of the ferrite and cementite lamellae results in a 

pearlite colony. A. boundary between the austenite and the pearlite is indeed 

established, as a consequence of the reaction, but this boundary plays no role in 

the evolution of the pearlite colony. During discontinuous cellular precipitation 

on the other hand, boundary migration is of fundamental importance. 
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Many theories 

reaction in 

been proposed to explain the occurrence of the discontinuous 

alloy systems. In many instances, discontinuous lular 

precipitation is observed under specific of composition 

within a alloy and out of this the same 

precipitate is observed to form continuously. There very simply, three 

requi for the to occur. Nucleation the precipitate 

must place on a boundary; boundary diffusion of solute should 

permitted; boundary on which have formed must be 

mobile. It is the mobility of the boundary that mechanistically 

continuous precipitation from the discontinuous lular precipitation 

cause of boundary migration, simultaneously with the formation of grain 

boundary allotriomorphs, must therefore established order to explain the 

mechanism for the in a particular system. Many have DroiDO~5e(j 

for origin boundary migration during discontinuous cellular 

precipitation, but these are often specific to the system that was studied. 

No theory therefore to explain the origin of the boundary migration 

necessary discontinuous cellular precipitation across the spectrum of loy 

systems in which it has been 

1 FOR NUCLEATION AND GROWTH OF 

DISCONTINUOUS PRECIPITATION 

One of first proposed for nucleation of discontinuous lular 

precipitates was from work of Turnbull and 

work was completed on the lead-tin binary system, in which the precipitate 

and the matrix possessed a specific relationship, such the close 

packed planes were parallel and there was appreciable misfit between two 

phases53,54. 

The mechanism that was proposed by Tu Turnbull is named 'Pucker 

mechanism53
,54 since it results in ng of grain boundaries on which 

precipitate nucleates53
,54. 'Pucker mechanism' is dependent on interfacial 

energy relationship between precipitate and the matrix and is explained 
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with the aid of figure 1 

boundary and possesses a 
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A plate-like 

ike or disc like morphology 

19 

on the grain 

1 (a)). One 

of the precipitate a high interfacial energy with 2 in the matrix, 

while the other side has a low interfacial energy with matrix in grain 1 in the 

The precipitate will into the grain with which it has the lowest 

energy, (grain 1 in figure 2.2.1 (a)) is more energetically 

and seek a orientation with further reducing the 

interfacial energy. As the 

grain boundary is pul so-called 'puckered' 

1 (b)). The boundary then migrates so that the edge of 

for growth, 

(figure 

with 

interfacial energy is for a lower interfacial with the other 

as shown in fjgure 2.2.1 (c). As the boundary moves along the edge of the 

it is now al for the nucleation a second plate or 

so that it can the most Iy favourable orientation 

relationship (figure 2.2.1 (d)). formation of a therefore, is 

more energetically favourable than the first, since the boundary is aligned 

that it does not have to to the preferred orientation. causes a 

perpetuating process of nucleation and growth of many adjacent plates, which 

Grain Boundary 

1 
Grain 2 

(a) 

1 (a)-(e) Different 
cell after Tu and 

(b) 

lae and a discontinuous I, shown in figure 

,-reCipirare Cell 

(d) (e) 

'pucker mechanism' of a 
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the precipitate and adjacent 
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role of interfacial 

as key factor that leads to 

20 

between 

puckering of 

boundary, boundary migration and the formation of a precipitate 

It is difference in interfacial energies the precipitates and 

grains that would drive boundary migration necessary for the reaction to 

OCCU~3,54. and Aaron that this difference in 

precipitate adjacent would not 

the associated with extra grai n boundary area that 

'puckering' the grain boundary and during 

'puckering' of the grain boundary could not "" ......... U'u 

for the development of the 158. 

for 

to overcome 

during both 

158. The 

migration 

ier work by Turnbull and co-workers showed that the rate of of a 

I was proportional to supersaturation solute in the matrix. 

They also observed that existed a range ulnara discontinuous 

lular precipitation is favourable and of the 

precipitation did not occur discontinuously55,56. 

the is observed a specific rarr,nQ 

specific alloy composition. 

range, 

the observation that 

range a 

Nes Billdal 59 that the of interfacial energies between the 

matrix, precipitate and grain boundary, causes the to 

contact area with the grain boundary. Precipitates with rod or 

ike morphology will orientate themselves that the long of the 

precipitate is at 90° to boundary with the tip to the boundary. 

Unlike the and Turnbull theory53,54, they showed that the orientation 

relationship precipitate and matrix was of significance. In the 

system that they worked on however, the matrix precipitate a 

similar parameter a low energy interface was possible without a 

particular orientation relationship59. 
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Billdal proposed a different mechanism for the origin of boundary 

migration and the development a precipitate I. Their theory, ill in 

figure (a)-(c), that boundary diffusion causes the initial growth of 

precipitate nucleus in the boundary/precipitate interface and pulls the boundary 

into a cusp 2.2.2 (a)_(c))59. induces a catalytic which results in 

nucleation growth of additional precipitates on side of original 

precipitate, as shown in figure (b). rowth of precipitates pulls the 

grain boundary by a capillary effect and results a colony of alternate lamellar 

precipitates matrix, shown in (C)59. migration of the boundary 

ne4:es,saIV for the reaction is the result the capil effect on the grain 

boundary. Finally, Nes and Billdal said that boundary diffusion of solute controls 

kinetics of 

Grain Boun aryl 
Migration Front 

(a) 

(a)-(b) Various the 

precipitation 

Tu added to original work by 

of boundary migration in 

_iillll!IIi!t-- 'P1rec'ipitate Lamellae 

mechanism for discontinuous cellular 

and Turnbull and emphasised 

development of discontinuous cellular 

precipitationS7
, Tu influence of the mechanism' on 

boundary migration, but said it might effect. 

...... ,.,.nl"\c'ol"1 that although torque on boundary, applied by the precipitate, 

initiates boundary migration, further migration is driven by search solute to 

feed growth of precipitate, which also emphasises the of boundary 

diffusion of sol 
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Meyrick protPO~5eCl that in alloys where the solute tends to canrl"an,,,t-o grain 

boundaries, reducing the grain boundary discontinuous 

precipitation is favoured60
, As the solute collects on a grain boundary, in to 

decrease the boundary energy, a precipitate forms and consumes the ute at the 

boundary. A force then develops for the boundary to in order to 

new 

migration 

So far 

migration 

and decrease the boundary 

for the development of the DCP reaction 60
• 

for the 

said that 

is only energetically favourable if is a 

composition of the grain boundary 

emphasises of of 

to the argument given by Tu57
• 

that have been reviewed have shown that boundary 

for discontinuous cellular precipitate of 

precipitate nucleation on the grain boundaries. In contrast, Clark 

have that boundary migration occurs independently of precipitate 

nucleation61
• n boundary migration will occur all since 

any polycrystall will seek to decrease the grain boundary area by grain 

growth which for the initial migration of the 

Precipitates on the grain boundary during migration 

form boundary allotriomorphs and further migration of 

causes 

fed by 

are 

in a 

to bow between the allotriomorphs, 

further migration of 

across the boundary. The urr",,,,r., 

diffusion along the grain boundary as it 

matrix61
• The precipitates therefore act as 

pul along by the 

n boundary61. 

(an in the 

boundary 

of sol ute (figure 

by a 

is then 

the 

for the sol ute and 

Iy resulting 
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Grain Boundary 

(a) 

LITERA TURE REVIEW 

Original • 
Grain BoundarY 

Grain Boundary/ 
Migration Front 

(b) 

Precipitate 
Lamellae 

(c) 

23 

Fig. 2.2.3 (a)-(c) The nucleation mechanism for discontinuous cellular precipitation after Foumelle 

and Clarke61
. 

Hornbogen proposed some conditions that favour the discontinuous cellular 

reaction: both a large driving force for precipitation and high boundary mobility 

favour the formation of OCP over continuous precipitation62
• Additional factors 

that favour discontinuous precipitation are a high nucleation rate and fast 

boundary diffusion of solute62
• Hornbogen showed that the supersaturation of 

solute in the matrix phase significantly increases the driving force for 

discontinuous cellular precipitation. Finally, Hornbogen also proposed that the 

build up of strain energy at the reaction front, as a consequence of solute build up, 

also contributes to the driving force for the discontinuous cellular reaction62
• 

The strain energy at the migration front is a result of either a concentration or 

depletion of solute atoms at the boundary and results in distortion of the matrix in 

that region. The build up of strain energy at the boundary has been reported to 

increase the driving force for discontinuous cellular precipitation and was 

originally proposed by Sulonen63
• This effect has been termed 'the coherency 

strain model' and suggests that rapid boundary diffusion, evident during the 

discontinuous reaction, together with thermal fluctuations of the boundary, result 

in a solute enriched or depleted area ahead of the migration front, in the grain 

consumed by the reaction 63
• The composition of this zone is in equilibrium with 

the matrix, but because of the solute level, the lattice parameter of that region is 

different to the rest of the matrix and is also coherent with the matrix. The result is 
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a build up of strain in this coherent zone and a driving force then develops 

for the boundary to in the direction of the unconsumed grainS7
, Sulonen 

confirmed this theory in work, by observing the of both tensile and 

compressive 

In order for 

and should 

on discontinuous reaction64
, 

model to operate, IS necessary 

than volume diffusion, When volume diffusion 

precipitation should occur continuously, because the driving force for migration is 

lost. The coherency model might therefore explain narrow temperature 

range in which the discontinuous cellular precipitation is observedss-s7, 

Hillert and 

contribute to 

precipitates in an 

does not affect 

in the coherent zone 

boundary begins to 

the boundary and 

thei r observations 

lamellar 

interfacial 

described by Turnbull 

proposed that the strain model could 

for discontinuous lular precipitation of M 23C6 

steeP4. They 

significantly 

the boundary. 

concentration 

that chromium 

ncu;.cT",.rI that once 

is established between 

grain, which drives further migration34. Further, 

that the boundary frequently bulges out ahead of the 

this observation they that the effect of 

precipitate and the matrix on boundary migration 

not the occurrence 

reaction in later Hillert showed by that the 

strain energy in such a diffusion zone, of migrating front, a 

feasible contribution to the driving force requi for the nucleation of 

discontinuous cell. This is valid only if the atoms have a significant 

effect on the lattice parameter of the matrix65
• 

The 

migration, which is 

linked to the diffusion 

the formation of a 

suggests that 

related to 

rnr","cc: needed to 

is necessary for a 

a driving force for boundary 

nucleation and growth and is 

formation. 

zone to occur, 
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migration has been ()hc;;e>r\ll'l{ without a precipitate as a of a similar 

driving force, viz., the strain model. This is from those n-,rl,rco, 

that are related to the interfacial energy relationship nOl"'Alc.a 

matrix, and the that boundary IY'I'Clr.-",,., 

precipitate and 

results from a 

effect which is a result of growth of precipitates. In of 

coherency strain of boundary 

diffusion of solute, rather growth of the 

in the boundary 

themselves, however 

pitates act as ,-no'",,;;, ..... sinks for the boundary solute. Hi! 

and lagneborg said the discontinuous cellular reaction is a co-operative ", .. nrne-

precipitate growth and boundary both are Iy 

important to the occurrence the reaction34
• 

From the work several conditions can be said to favour 

discontinuous reaction. is frequently r>n'CLln1cn when the driving 

for precipitation is favoured by a ute supersaturation in 

matrix. Further, the reaction is often limited a temperature 

and this might relate to importance of boundary diffusion of solute. When 

is high, volume diffusion becomes important and thus might 

with boundary diffusion. the other hand, when temperature is low, 

volume diffusion and diffusion are 

Most of the theories for growth of discontinuous 

the precipitates grow behind a planar front, with a 

conditions are only achieved when the 

out. 

assume 

interlamellar 

is well establ and 

state conditions have been achieved . 

evidence 

planar and that 

......... ,""'-.J. that the growth of 

in this case there is much 

migration front is seldom 

do not a constant 

",.;".;,,,, ... ,u,ly in the case of steels31
• The control the 

of reaction are the drivi for the reaction diffusivity of the 

..,,.n",,,,,~-. A review of the growth theories shows that growth of the discontinuous 

is generally proportional to the diffusion of the solute, 

concentration gradient of the moving front and the interfacial energy 
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between the precipitate and the matrix. The interlamellar spacing between the 

precipitates is inversely proportional to growth rate of the cell 50
• 

The driving force for discontinuous cellular growth can be quantified in terms of 

five factors: the chemical driving force, coherency strain effects, the effect of 

interfacial energy, the effect of prior matrix deformation and the effect of 

compositional gradients as a result of rapid boundary migration50
• Growth of 

discontinuous cellular precipitation in most alloy systems is affected in some way 

by each of these contributions to the driving force. 

A decrease in the chemical free energy results from the phase change that occurs 

during discontinuous cellular precipitation5o
,65. Coherency strain energy effects, 

first proposed by Sulonen63
,64, were acknowledged by Williams and Butler to 

contribute to the total driving force for the reaction50
• The effect of interfacial 

energy is also important and more relevant to type 2 and 3 reactions, where the 

precipitates already present in the matrix transform to lamellar precipitates with a 

lower interfacial energy with the matrix50
• Prior matrix deformation of the material 

would also enhance the reaction kinetics and thus contribute to the driving force, 

which was observed by Fournelle and Clarke61
• Finally, Hillert and Lagneborg 

discussed the influence of a steep compositional gradient, as a result of rapid 

boundary migration on the driving force for boundary migration during 

discontinuous cellular precipitation34
• 

2.2.2.2 DIFFUSION INDUCED BOUNDARY MIGRATION 

A Brief Description 

The discontinuous cellular precipitation reaction requires grain boundary diffusion 

of solute together with boundary migration. The occurrence of boundary 

migration as a result of the boundary diffusion of solute has been observed in 

several alloy systems, without the formation of lamellar precipitates. This 

phenomenon has been named diffusion induced grain boundary migration, 
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abbreviated DIGM66. Recently, DIGM generalised to include interfaces 

other than grain boundaries, and has chemically induced interface 

m abbreviated ClIM67
; DIGM then .. on,"oe,on!'" a case of CIIM. 

Diffusion induced grain boundary migration is described by King as the lateral 

motion of a boundary together with it66
• The solute atoms 

'£>'3'"'''''' the sol ute not with the boundary; 

or dealloyed zone. source the could be an 

which the material is placed, or result from a coupling 

of two different materials at elevated temperature66. is initiated by a bulge 

that grain boundary and eventually boundary loose; once 

the is migrating, the process is DIGM to occur there 

must a source of solute atoms and the boundary diffusion of those solute atoms 

should ificantly greater than the lattice diffusion, t"Ma,,,a'l',;'"\,.,,,, the phenomenon 

is Iy prolific at temperatures where lattice diffusion is out, 0.3-

0.5Tm66
• Similarly to DIGM has been most widely in binary systems, 

involving and to a 

been observed in the 

rfonr .. oo in 

. Many parallels can 

the driving forces and mechanism that 

shown to be relevant to reaction66,67,7o. 

3 PARALLELS BETWEEN DIGM AND DCP 

DIGM has 

that 

and 

DIGM 

The most fundamental similarity between DIGM and is both require the 

simultaneous boundary diffusion of solute and mobility of the boundary50.66, Both 

have been result in a region of different behind the 

migration front, which in case of DIGM will either be an alloyed or loyed 

zone, 

phase structure 

desaturated matrix. 

atoms the boundary. I n the case 

front, consisting of 

case DIGM, the boundary diffusion 

a two­

plus a 

ute 
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originates from some tlIvtorn source, while in 

of solute. the boundary 

28 

the precipitates act as for 

The al zone that develops behind the migration front DIGM the 

same orientation as the that is expanding, and the migrating boundary 

maintains its misorientation with the that is consumed66,71. Simi 

observations are 2.2.4 (a) (b)), but the grain that grows is 

Iy one in which precipitates have lowest interfacial In 

the case of DIGM, the original boundary is frequently identified an array 

dislocations, which originate from the misfit between 

original matrix, which have different compositions 

alloyed zone and 

therefore lattice 

King affirmed that the discontinuous cellular precipitation is a 

phenomenon related to DIGM and has further proposed that whatever 

mechanisms and driving apply to the migration of the 

DIGM can be applied to the discontinuous lular reaction66
• The forces 

and mechanisms for DIGM are therefore reviewed with a view to relating these to 

the discontinuous lular 

Old Grain Boundary 

Position '\ Allo ed Zone 

Old Grain Boundary 
Position 

Migration Front 

(a) 

2.2.4 A representation of (a) DIGM & (b) DCP. 

Precipitate Lamellae 

(b) 
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2.2.2.4 DRIVING FOR DIGM 

In order for DIGM to occur, both a driving force and a mechanism for boundary 

migration are required66
• The most obvious contribution drivi force 

would be the change in chemical energy, derived from the of 

mixing as the boundary and behind a mixture of solute and solvent 

atoms in the led alloyed zone. It has been argued, is not 

sufficient to explain the formation of a critical 

boundary migration and result in the formation an alloyed 

to initiate 

The second driving that been proposed the boundary migration 

associated with DIGM is the same as proposed by Sulonen the 

discontinuous cellular reaction: the coherency strain modeI63
,64. Hil added to 

work by Sulonen, and said that the coherency effect would playa role 

the driving for DIGM if solute atoms have a significant effect on either 

increasing or decreasing the lattice parameter of the parent . Yoon also 

discussed the coherency strain model with reference to CIIM and said that is 

considerable experimental evidence to show that this theory presents a valid 

driving force for boundary migration67
• 

Rabkin expanded on coherency strain theory, but said that 

concentration gradient of solute ahead of the boundary could drive migration, 

instead of the n . This proposal is valid when the atoms exert 

little energy on the matrix, in case solute and solvent atoms are of 

liar When there is a significant difference in the of the atoms, the 

strain energy that is developed makes a ... ,..",,,::.'1",,,,,.. contribution to the drivi force 

than the concentration gradiene1
,72. This argument with that of Ilert and 

Lagneborg for DCP in an austenitic steel, as discussed. 

An additional driving DIGM has proposed on the basis of ute-

boundary interaction models73
,74. later by Kasen, that there 

some minimum boundary energy value associated with a specific level of 
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ute in the boundary74. As sol atoms diffuse out of the boundary into the 

al zone, a force the boundary acquire fresh solute, in 

to maintain an equilibrium composition73. theory can equally 

applied to dealloying of the diffusion zone: as atoms are removed from loyed 

zone by boundary diffusion, there is again a driving force for boundary to 

in solute and librium composition. 

On the basis of 

forces proposed 

theories reviewed it seems r",::;c:nn::u"\IP that none of the driving 

DIGM can account for the total energy required for the 

boundary migration and the formation of an al zone. Instead, a co-operation 

the driving for the each 

.,. .... '~" ...... n,. important during the 1"'111"'.0"''''"1' stages of development of the alloyed zone. 

2.2. IN 

discontinuous cellular precipitation reaction in high nitrogen 

as follows31 ,32: 

can be 

'AI"uro y' is the saturated and Cr2N is the precipitate. precipitate 

that forms is always Cr2N, could be and even CrN, at different 

temperatures and alloy compositions, as has 

Vanderschaeve et suggested that the nucleation the Cr2N precipitates in high 

c-n .... "Alc evidence 'pucker prc~p05ea by T u and 

Kikuchi et and the 

growth features of discontinuous precipitation in high nitrogen These 

authors found that the growth res of discontinuous precipitate Is in high 

nitrogen are different to binary ternary consisting only 

of substitutional elements. 
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The discontinuous precipitation reaction in high steels is not a steady 

reaction, in contrast to in substitutional binary systems. 

reaction rate decreases with increasi reaction time (figure 2.2.5) stops when 

the nitrogen concentration in the matrix is II high31
,32, These are fu 

demonstrated by the in interlamel with growth of the 

cel . Since the that forms in high nitrogen consists 

of a substitutional element and interstitial elements, the 

cells is certain to to that in binary substitutional N·T .... ,"".n 

diffuses rapidly through the thus feeding the growth of the precipitates, 

while chromium diffuses along the boundaries in order precipitate growth, 

Chromium lattice but this is more sl uggish. nature 

diffusion of both of these is at some point responsible for the non steady 

state growth features of discontinuous lular precipitation in high nitrogen steels 

can the differences that are observed31
, 

<!J 
u -0 

c: 
0 

V 
11l 
..:: 
<!J 
E 
::; 
0 
> 
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The decrease in the migration rate results from fast volume diffusion of nitrogen 

from the supersaturated matrix, to the austenite behind the reaction front, which is 

less saturated in nitrogen31
, The driving force for the volume diffusion is the 

homogenisation of nitrogen of the austenite phase. This has not been observed in 

alloy systems that do not involve substitutional elements, and is therefore an 

artefact of the nitrogen content. 

Explanations for the stoppage of the cell boundary were given by Kikuchi et af31 

and contributions were also made by Vanderschaeve et aP2, The authors 

proposed that a diffusion zone exists ahead of the migrating boundary, as a result 

of the volume diffusion of substitutional elements. The width of the diffusion zone 

is defined as DJv and would be constant at a constant migration rate. Since the 

migration rate of the cell boundary in high nitrogen steels is not constant, but 

decreases because of the volume diffusion of nitrogen into the cells, the diffusion 

zone increases, by definition of the equation DJV31 ,32, Kikuchi et at proposed that 

this increase in the width of the diffusion zone results in a loss of the chemical 

driving force for the reaction, which finally results in stoppage of the cell 

boundary32, 

Kikuchi et al showed that the volume fraction of cellular precipitation in alloys 

with different nitrogen levels, increased with nitrogen content for a constant ageing 

temperature and ageing time. Figure 2.2.6 plots the migration rate of precipitate 

cell boundaries as a function of nitrogen content, measured by the change in 

lattice parameter associated with nitrogen supersaturation. The result shows that 

as nitrogen levels are increased in austenitic stainless steel alloys, a greater amount 

of discontinuous precipitation can be expected. In addition, increased nitrogen 

supersaturation in high nitrogen steels contributes to the driving force for the 

discontinuous reaction31
, 
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Fig. 2.2.6 The migration rate of the 

matrix/ measured by lattice parameter/ 

n,t,'r.C1.>n level in un transformed 

Faulkner investigated 

steel; which like the precipitation of 

M23(CN)6 in an austenitic 

both substitutional and 

interstitial atoms75
• is a narrow 

which the reaction will proceed discontinuously, out 

proceed as a continuous reaction. author 

diffusion of carbon, and the slower volume diffusion of chromium 

boundary migration during the discontinuous If boundary 

is slowed down to below a minimum value, precipitation will 

continuous reaction 75
• This minimum varue corresponds to a 

gradient of chromium ahead of the migration, whi the 

velocity is characterised by a carbon depleted zone ahead of 

Ikner has also shown that the discontinuous reaction 

higher carbon levels75
, which again supports the 

supersaturation of solute in the matrix favours the discontinuous 

range in 

it will 

volume 

control 

as a 

Iy 

In 
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addition, the individual effect of substitutional and interstitial elements on the 

discontinuous reaction was highlighted in this work75. 

Ainsely et al also showed the importance of solute saturation in the matrix to the 

driving force for discontinuous cellular precipitation76
,77. The authors studied the 

Fe-13Mn-2V-O.BC austenitic steel, in which the precipitation of vanadium carbides 

with a NaCI FCC crystal structure occurred discontinuously_ The authors 

associated the decreased migration rate with a loss of supersaturation of the solute 

atoms, vanadium and carbon, as the reaction proceeded. For discontinuous 

precipitation to occur favourably over continuous precipitation there had to be a 

high level of both vanadium and carbon in the steel. In alloys with lower levels of 

both vanadium and carbon, discontinuous cellular precipitation did not occur and 

precipitates developed continuously instead 77
• Ainsely et al also proposed that a 

decrease in supersaturation could originate from the formation of continuous 

precipitates, which would also result in slowing of the grain boundary. Further the 

continuous precipitates might also have pinned the grain boundaries, thus slowing 

down or even stopping the growth of a precipitate cell 77
• 

Ainsely et al further observed that the characteristics of the precipitates that formed 

by discontinuous precipitation were dependent on the migration rate of the cell 

boundary76. In the case of a highly mobile grain boundary, lamellae that formed 

were unfragmented, but when the boundary migration was slower, the precipitates 

that formed within the cell were particulate in nature76. 

2.2.2.7 THE EFFECT OF ALLOY ADDITIONS ON THE OCCURRENCE OF 

DISCONTINUOUS CELLULAR PRECIPITATION 

It has been shown in binary systems that the addition of a third element can have 

an effect on the occurrence of discontinuous cellular precipitation, i.e. the reaction 

is either favoured or suppressed50
• The mechanism whereby the addition of a third 

element affects discontinuous cellular precipitation is two-fold:50 the addition of a 

third element can change the characteristics of the precipitate as well as affect the 

boundary mobility of the precipitate cell 50. The effect of a third element is 
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complex and again publ 

systems. 

observations are often specific particular alloy 

Chromium nitrides that form both discontinuously and continuously in high 

nitrogen often elements in addition to chromium, which up 

lic constituent of the . The addition of elements as 

niobium or vanadium to the composition of a high nitrogen alloy can 

result formation of precipitates with the same metal:interstitial ratio as 

precipitates associated the base composition, possess a 

composition. A composition causes a in the 

and hence a corresponding change in the 

misfit "' .... '· ... 1" ..... " the and the matrix, which can occurrence 

discontinuous cellular precipitation78
• 

Ternary can also the structure of grain boundary, which in turn 

affects boundary mobility precipitate nudeation50
• presence of solute 

atoms segrega~ed to grain boundary is known to the velocity of the 

boundary or migration by solute . A boundary or interface that 

contains solute atoms will a short distance, leaving behind the solute 

atoms. solute that prefer to on the grain boundary will an 

on boundary, pulling it back to its original thus 

slowing down or even preventing boundary or 

The of that are lable to measure the solute of 

atoms to the grain boundaries is I A grain boundary is many 

authors to approximately nm in width or one atomic 

measurement of a concentration of atoms from such a small area is cornpl 

81 most well known method of measuring grain boundary is by 

Auger Electron Spectroscopy, which measures the trace elements on boundary 

surface. 

difficult 

However, this method relies on grain boundaries, which are 

obtain in ductile or tough materials, such as high nitrogen 

other techniques are necessary. 
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Suehiro et al proposed thermodynamic parameters that predict the segregation 

potential of a particular element in an alloy system82
,83. Using a series of 

calculations and relevant models, Suehiro et al were able to derive the Gibbs 

energy of segregation for a particular element in a specific alloy system83
• In a 

different publication, Suehiro et al used this parameter to determine the degree of 

segregation of niobium in a low carbon steel alloy, in order to predict the solute 

drag effect of niobium on recrystallisation84
• It was shown that during 

recrystailisation the boundary velocity decreased with increasing niobium 

additions over a range of temperatures. In addition, calculations showed that as 

the niobium content was increased, the fraction of the driving force for boundary 

migration dissipated by solute drag, increased dramatically above a. particular 

niobium concentration. This niobium concentration was termed the critical 

niobium concentration for solute drag84
• Suehiro also compared the effect of grain 

boundary pinning by small niobium precipitates with the effect of solute drag84
• It 

was argued that the pinning force of precipitates is dominant when the driving 

force for boundary migration is small 84
• Discontinuous cellular precipitation is 

largely dependent on boundary or interface migration, thus both solute drag and 

grain boundary pinning have a significant effect on the occurrence of this form of 

preci pitation50
• 

Bauman and Williams showed that discontinuous cellular precipitation was 

suppressed successfully in Cu-Be alloys by the addition of zirconium to the binary 

system85
• Zirconium additions lead to the formation of zirconium rich precipitates 

on the grain boundaries, which might have caused a grain boundary pinning 

effect, thus slowing down boundary motion and preventing discontinuous cellular 

precipitation85
• Further, it was proposed that zirconium additions caused a solute 

drag effect on the grain boundaries, however the authors report no measurements 

of zirconium concentrations at grain boundaries. The authors concluded that if 

boundary migration was hindered by solute drag, then their results show that 

segregation is the result of limited atomic solubility, rather than atomic size 

mismatch, which was suggested by other authors85
• 
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2.2.3 NIOBIUM AND VANADIUM NITRIDE PRECIPITATION 

Niobium, vanadium, and titanium are frequently added to stainless steels to 

stabilise the steel, thereby preventing the formation of chromium carbonitride 

precipitates, which are known to sensitise the steel 2
• Stabilised grades of stainless 

steel would then form carbides or nitrides rich in niobium, vanadium or titanium, 

which do not result in sensitisation2
,3. Further, the formation of these precipitates 

is often used to improve the creep resistance of stainless steels during high 

temperature service2
,3. Niobium, vanadium, and titanium have also been used in 

high strength low alloy (HSLA) steels to favour the formation of fine dispersions of 

nitrides, carbides and carbonitrides during thermomechanical processing. These 

precipitates have a precipitation hardening effect and are partly responsible for the 

remarkable strength of these all oys86. It is the aim of the current work to improve 

the strength of a high nitrogen steel alloy in a similar way. 

Little work has been conducted on niobium and vanadium nitride precipitation in 

high nitrogen steels, but the work on stainless steels and HSLA steels is reviewed 

since the characteristics of the precipitates are likely to be similar. The 

characteristics of these precipitates will first be discussed with reference to their 

composition, crystallography and their thermodynamics of formation so that they 

can be easily identified in high nitrogen steels. In addition, the tendency for the 

precipitates to coarsen will also be discussed, since the precipitate size will 

certainly affect the mechanical properties. Finally, the formation of carbonitrides 

during solidification of steel will also be discussed since the persistence of these 

precipitates after solution treating will affect the behaviour of the steel during 

subsequent ageing treatments. 

2.2.3.1 COMPOSITION AND CRYSTALLOGRAPHY 

When elements such as niobium, vanadium and titanium are added to steels, 

carbides or nitrides of these elements form because of the affinity that these 

elements have for both nitrogen and carbon. These precipitates have an MX 

stoichiometry where M represents the metallic constituent of the precipitate and X 
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represents the interstitial constituent. The symbol, MX is illustrative of a 

metal:interstitial ratio of 1:1 for the precipitate2,3,41. When niobium, vanadium or 

titanium are added individually to steels containing either nitrogen or carbon, one 

would expect a simple binary precipitate to form, for example NbN 41
,87,88. The 

composition of MX precipitates is frequently more complex, since steels generally 

contain more than one precipitate forming element and significant levels of both 

carbon and nitrogen. In such cases, the metallic constituent of the MX precipitate 

will be a solid solution of more than one element, for example niobium and 

vanadium, and in some cases may include a third element, such as titanium41
,87,88. 

The metallic constituent might also contain small amounts of other matrix 

elements present in the steel such as iron, manganese and chromium87
• The X 

constituent of the precipitate can similarly be a solid solution of both carbon and 

nitrogen atoms, depending on the composition of the steel. MX-type precipitates 

possess an NaCI FCC crystal structure, such that the precipitate is made up of a 

metallic FCC sublattice with nitrogen and carbon in the octahedral interstitial sites 

of the metallic lattice89
• Binary precipitates of the elements niobium vanadium and 

titanium with either carbon or nitrogen, viz. NbN, NbC, VN, VC, TiN, TiC, have 

the same crystal structure with similar lattice parameters, which facilitates the solid 

solution of more than one precipitate forming element in the metallic constituent 

of the precipitate41
• 

Chromium is able to form a similar type of precipitate with a CrN stoichiometry, 

NaCi FCC crystal structure and a comparable lattice parameter to the niobium and 

vanadium rich MX precipitates. These precipitates have been noted in steels with 

nitrogen additions greater than 1 wt% and have been discussed in section 2.2.142. 

Table 2.2.1 shows the lattice parameters of pure MX-type precipitates, ie. only one 

element makes up the metallic constituent, M and only one element makes up the 

interstitial constituent, X41. 

Carbonitrides of niobium, vanadium and titanium with an MX stoichiometry are 

isomorphous and because of the similarity of their lattice parameters are miscible 

with each other. As a consequence of the miscibility of these precipitates, stacking 
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cases 

Table 2.2.1 

VN 

V2N 

NbN 

TiN 

Ti2N 

CrN 

Cr2N 

of 

LITERA TURE REVIEW 

in the precipitate TrIoO'OTn with 

. A further is 

duration and temperature of 

39 

.. y,ur"n;: such as 

composition of 

treatments 

precipitates are often under-stoichiometric with 

which has a significant effect on the crystallography of the 

shown that the NaCi FCC crystal is up to 

at%-1.0 at% 41,87,89,91. When the interstitial are below 

stoichiometry changes to an M 2X type precipitate, which in most 

an crystal structure (table 2.2.1)41. 

';'<H'"'''''' and crystallography 
Goldschmidt41

• 

Crystal Structure lattice Parameter (.4) 

a = 4.066 (N = 

NaCI FCC a = 4.139 (N = 1.0) 

a = 

HCP 

a = 4.381 

NaCI FCC a = 4.392 (N 1.0) 

HCP a = 3.056, c = 4.957 

a = 4.22 (N = 

NaCI FCC 

a = 

a = 4.149 (N = 1.0) 

HCP a = 4.759, c = 

a = 2.748, c = 4.4380· 

"After Sandaraman et a/43 
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2. 2 COARSENING 

It is not uncommon that during precipitate coarsening, changes in composition, 

and in some structure occur. In the case of a 17 wt% 2 Ni 

alloyed with niobium and vanadium additions, it was shown that 

in precipitates with a rod-like morphology87. 

uncommon for MX precipitation in austenite 

with a 

in crystal structure87
• Electron d 

possessed a tetragonal crystal 

composition of the precipitate 

from (NbV)N to NbCrN Karlsson et ai, 

precipitate had The z-phase is 

NbN pitate and is described as a distorted NaCI 

lacking half nitrogen atoms87
,92. It is a more complex nitride, with d 

metal atoms in layers along the c-direction of the precipitate, such 

metal! atoms A B are arranged AABBAABB. It has a stoichiometry which is 

considered to be (AB)N, where A is either Cr, Fe or Mn and B is Nb, Mo or 

Thus it is an 

ageing 

argument 

which causes 

and is considered to form during the later of 

had time to occur within the precipitate87
• 

formation the z-phase is the interfacial energy 

shape of such a precipitate. A fine NbN could uce the 

a 

and the matrix by extending along 

to alter its crystallography from NaCI 

c-

by a change from the more common cuboidal or 

The for MX-type to be non-stoichiometric 

to explain inability of titanium to stabilise an 18 wt% Cr-12 Ni 

steel 

austenitic stain 

0.12 wt%37. 

after extended 

. Similar results have been 0 

, with negligible nitrogen levels, and carbon levels below 

ium could not prevent chromium carbide (M23C6) 

(of the order of 1000hrs) to high 

titanium additions only prolonged the time for M 23C6 
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form, and the already existing titanium simply provided 

for the M 23C6 precipitates93
• Andren et al roPOSE!d that 

the result of a change in composition of MX-type 

coarsening90• When the carbon rnr,t-a .... t­

chromium replaced the titanium in 

precipitate decreases. A decrease in 

result in a decrease in 

energetically favourable90
• Andren 

would exist for the to alter r 

41 

sites 

were 

precipitate 

ro,;,eoe and the 

of 

will 

which is 

that a driving 

thus lower the 

energy between the precipitate and the matrix, which would then favour 

a transformation from TiC to the less desi 

It has also been shown in an 18-10 nless that that niobium was most 

effective at preventing M 23C6 precipitation when niobium 0.7 

wt%, but at lower niobium levels M 23C6 precipitation occur. Vanadium 

additions to the same steel accelerated M 23C6 in 

formation of an V2C precipitate rather than the MX or 

precipitate. However, when the vanadium levels were to than 1 

wt%, the expected VC precipitate formed93
• 

In alloy systems that contain niobium it 

that the first precipitate to form is the NbN, it 

formation16
• After ageing, however, the niobium is 

which reduces the lattice parameter of precipitates and no ......... a 

energy between the precipitates and the matrix87
• 

the explanations given by Andren et al for 

stoichiometry during extended ageing treatments87
,90. 

been en,,",'}\I'n 

et 

in 
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Fig. 2.2.7 Hardness as a function 
by Dunlop and Honeycombe94

• 

time for three different alloy compositions investigated 

Dunlop et al have 

slowly than simple 

shown mixed carbonitride coarsen more 

MX on the 

the 

This 

could maintai even after 

longer ageing times. is illustrated in figure 2.2.7, which shows the 

hardness of the steel as a function ng time. The alloy that contained both 

vanadium and titanium additions showed greater hardness for longer 

compared to the alloys with only 

attributed the stability of the 

of the mixed precipitate, compared 

AND 

precipitates are small 

nm in diameter, depending on 

or titanium additions94
• 

to the increased chemical 

precipitate94
• 

have been reported to be 

composition of the precipitate, 

times 

re and ageing time87/90,91.93,94,95.96. These precipitates are Iy 

to form during ageing "~o,,,"rnoln"c 

1000°C for times up to 100 hours, and 

nm, which appears to 

temperatu res between 600°C and 

do not grow to 

MX-type precipitation. 
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it has been shown that nitrogen supports finer precipitates than carbon97. Wen-Tai 

et al said that this observation, together with the observation that M 23C6 

precipitates coarsen very quickly compared to niobium, titanium or vanadium rich 

precipitates, explains why niobium and titanium nitrides are more favourable for 

the improvement of creep resistance than M 23C6 precipitation98. 

In addition to the small size of niobium, vanadium and titanium carbonitride 

precipitates, a homogeneous distribution in the matrix is usually expected, which 

is favourable for the strength and toughness of the steel. These precipitates 

nucleate on grain boundaries, dislocations and stacking faults87,88,9o,91.98. They have 

been reported to have a spheroidal morphology95, a cuboidal morphology or in 

some cases a rod-like morphologyB7. The spheroidal and cuboidal morphologies 

would support better mechanical properties than the rod-like morphology. 

2.2.3.4 PRECIPITATE FORMATION DURING SOLIDIFICATION 

It has been shown, in a range of steels with niobium and nitrogen additions that 

large blocky precipitates, rich in niobium and nitrogen, form during 

solidification99,loo,101,102. The precipitates are reported to have a NaCI FCC crystal 

structure, the same as that which would form in a steel with niobium additions 

during a solid state reaction97,98,101. It is proposed that during solidification, 

austenite is the first phase to form as a cellular dendritic structure. As the solid 

forms, niobium and carbon are rejected into the liquid, which eventually becomes 

so rich in these elements that a eutectic NbC precipitate and austenite form, 

leaving a colony of large blocky precipitates embedded in the eutectic austenite101 . 

Du Pont, who modelled the solidification path of steels with niobium additions, 

confirmed this expianation103, Du Pont also showed that depending on the alloy 

composition, the enriched dendritic liquid either solidifies as a Laves phase or as a 

NbC precipitate with a NaCI FCC crystal structure, together with the austenite103. 

The formation of eutectic niobium carbide precipitates, during solidification as 

described, indicates that microsegregation of the niobium occurs during 
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casting99
,102. Niobium carbide precipitates have been reported in castings 

regardless of the cooling rate99
• Hannerz et at however showed that the amount of 

NbC eutectic precipitates that formed on solidification decreased with decreasing 

cooling rate100. When solidification takes place over a longer period of time, 

microsegregation of the alloy elements is less pronounced and this reduces the 

occurrence of eutectic precipitates 100. 

In a study by Albarran et a/104 and Campillo et atl°s, the authors showed that HSLA 

steels that contain niobium, nitrogen additions favour the formation of precipitates 

during solidification. This conclusion was drawn from the observation that steels 

with greater nitrogen levels contained a larger volume fraction of blocky 

precipitates after solidification. Du Pont also showed that as the carbon content 

was increased, the formation of the eutectic niobium carbide was favoured; 

however as the niobium content increased, the niobium-rich Laves phase + 

austenite eutectic reaction was favoured 103. Heikkinen et at also showed that small 

amounts of the eutectic NbC occur even at very low levels of niobium (0.02 wt%) 

and the volume fraction of the eutectic niobium carbide that formed increased 

with the niobium level in the steel99
• 

Other eutectic precipitate reactions have also been reported during solidification 

of different steels. Large blocky precipitates have been observed in a Hadfield's 

steel as a result of titanium additions106
• Wen Tai et at showed that in a stainless 

steel, with an approximate composition of Fe-25 wt%Cr-20 wt%Ni, large blocky 

precipitates of the form M 7C3 formed eutectically in the interdendritic regions and 

on the grain boundaries, which later transformed to M 23C6 precipitates during high 

temperature exposure97
• Similar steels stabilised with niobium, titanium and 

zirconium formed blocky precipitates rich in these elements on solidification9B
• 

Boothby showed that niobium carbide precipitates formed with M6C precipitates 

during solidification in a similar steel, however the precipitates that were observed 

were fine and formed on austenitelferrite boundariesBB
• The small size of the 

precipitates that formed on casting, as opposed to the large blocky precipitates 
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observed other alloys, can probably be attributed to the low carbon and 

nitrogen levels in the steel that was investigated, 

formation of eutectic precipitates during solidifkafion has also been observed 

in high nitrogen It has shown that during solidification, when 

nitrogen levels were than 0,6 wt%, austenite was 

to form in all alloys, followed by chromium nitrides 

primary solidifkation 

the form CrN in the 

interdendritk regions42
, Simmons et as the primary austenite 

forms the remaining liquid is enrkhed in nitrogen and chromium, whkh was 

supported by the observation that no nitrides were observed in the primary 

austenite42
• The enriched liquid results in the formation CrN, whkh 

forms as dendrites with a rod-like morphology. observations contradict 

theory that the nitrogen solubility in the solid Fe-Cr-Ni is greater than in 

the Iiquid42
, CrN dendrites were also observed in high nitrogen castings with 

lower nickel levels and high manganese levels in later work, together with 

solid state Cr2N precipitation on cooling107
, 

Eutectk precipitation of niobium carbonitrides a considerable waste of 

the niobium additions to which would then not available for 

precipitation hardening during subsequent treatments104
,105. Itman 

predkted that up to 40% of the alloy elements are lost to eutectic 

precipitation 102, 

Heikkinen et showed that NbC precipitates did not at ordinary 

reheating temperatures99
, Campillo et showed that after long solution treatments 

at temperatures of 1 larger precipitates simply grew at the expense of 

smaller ones108. inability of the precipitates dissolve at appropriate ution 

treatment temperatures has led to much work on the solubility of such precipitates 

in HSLA steels. 

Equations have been proposed for the so'lubility of niobium nitride, niobium 

carbide, vanadium nitride and vanadium carbide and mixed niobium and 
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and have to predict the solubil 

of these 10 Figure 2.2.8 shows the solubility products 

ned for niobium nitride, niobium carbide, vanadium nitride and vanadium 

The graph shows that the solubi as a function of 

niobium nitride is the n\AI'CCT followed by niobium vanadium nitride and 

then carbides of both niobium 
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2.2.8 The solubility products of NbN, NbC, VN and VC as a function 
et a/"'. 

authors have 

product cakulations I09,111.112. 

ution of mixed (NbV)N 

shown in figure 

the solution treatment 

was shown to be 

after 

solubility 

for the 

as niobium 

vanadium in the 13 Figure 2.2.9 shows a set of HSLA steel 

alloys with different carbon and nitrogen levels. The graph the solution 

temperature for 

niobium content in a 

precipitates in each loy as a function 

niobium and vanadium 
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niobium and vanadium level in the precipitate 

that the dissolution kinetics of 

idification are quite slow 

product alone was not sufficient to determine the stability 

carbonitride in 

1250°C and 1 

was 

authors 

ution treatments at TO'Yln,O 

of niobium'diffusing out of the 

the niobium carbonitride preci 

to the slow diffusion rate niobium in austenite101
• 

um 

47 

ubility 

niobium 

in austen 

The formation of blocky precipitates is favoured by the addition of 

elements such as niobium vanadium titanium etc to HSLA 102,104,105,108 , , 
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stainless CT'''",",'''''-'-- and Id . Once precipitates are in 

solid their solubility in the austenite is low and they are not expected to 

dissolve108
,113. niobium rich precipitates been shown to be the 

insoluble in even if niobium rich were it has 

shown that kinetics dissolution is SIOW101
• Thus the addition of 

appreciable levels of precipitate forming elements, especially niobium to steels, 

must be carefuilly considered in view of the influence 

solidification behaviour of the 

this element on 

2.3 MECHANICAL PROPERTIES fOR WEAR RESISTANCE 

Wear by abrasion be defined as the sliding of an particle over a 

distinctly softer material at a high pressure, resulting in consequent material 

removal from surface. abrasive particles break through the covering 

asperities of the material cause it to be grooved I14
,115. Two types of 

abrasive wear are commonly observed, two-body abrasive wear, which is the 

result a harder surface sl against a softer surface, three-body wear, 

which is the result of two surfaces sliding against one another with hard 

in between 115. 

The mechanism wear material removal) during abrasion can plastic 

or brittle l16
• plastic wear mechanism involves material removal from the 

surface by plastic deformation. wear surface is characterised by either cutting 

or ploughing, which involves grooves with characteristic shear I 16 For 

materials that wear in a plastic manner the wear rate is said to be approximately 

inversely proportional the hardness of the material l16
• Although the importance 

of hardness to wear resistance cannot be ignored, the ability of the material to 

accumulate strain also important during stages of 

abrasion 117,118. 

In order to optimise the properties of a metal! material for improved wear 

resistance, some understanding of wear nrr\rD .. cc: during abrasion of metal I 
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materials is required. The wear process in reasonably ductile metals occurs by an 

initial accumulation of strain or plastic deformation to some threshold value, 

followed by microfracture and finally failure l17
,118. Consequently, a wear resistant 

material should plastically deform to high levels of strain, and allow for a large 

accumulation of strain before microfracture occurs. Thus the initial material 

hardness, the work hardening rate and the total plastic work capacity of a material 

are important in determining the wear resistance of a material. 

Ball et at proposed that it is the high work hardening exponent of materials such as 

the AISI 201, 301 and 304 steels that accounts for the superior wear performance 

of these steels117
• Mills and Knutsen compared the abrasive wear resistance of 

three steels, viz. a Hadfield steel, a high nitrogen Cr-Mn steel and also an AISI 304 

steel 119. It was shown that increased yield strength was insufficient to improve the 

wear resistance, but where microfracture and material removal could be 

postponed to higher levels of plastic strain, abrasion resistance was greatest. Lenel 

and Knotts investigated the wear performance of a similar range of steels120
• The 

authors showed that steels with greater work hardening ability show better wear 

performance. Basak et al have also confirmed the influence of work hardening 

rate on improved wear performance and showed that alloys with higher nitrogen 

and manganese levels, and associated increased work hardening rates, show better 

wear performance than those with lower nitrogen and manganese levels l2l
• The 

best results were obtained when fine titanium carbonitrides, which have a greater 

hardness than the matrix, formed in the austenite l2l
• 

It has been shown that the formation of particles in steels affects the hardness, 

yield strength, elongation to failure and work hardening ability. During ageing 

treatments, the precipitates in the steel grow resulting in particles of different sizes 

and distributions, which affect the tensile properties of the steel differently122. This 

is illustrated in figure 2.3.1, which shows the effect on precipitate formation on the 

tensile properties as a function of ageing treatments and thus particle size 

distribution 122. In attempts to improve the wear resistance by particle distribution 

in the matrix, ie carbides or nitrides in the case of steels, care should be taken to 
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during abrasive wear can also be brittle in naturel16
• In 

50 

of abrasive particles on the wear surface causes microfracture and 

removal 116. This mechanism occurs in materials with low 

this reason ceramic materials, with low fracture 

wear resistance than cast irons, even though they 

16 

are known their excellent work hardening ability and 

the high nitrogen levels and in many cases the high 

lity and toughness are beneficial 

these properties should not 
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decreased dramatically with the formation of precipitates that would potentially 

increase wear resistance by increasing the hardness. 

2.3.1 THE EFFECT OF CHROMIUM NITRIDE PRECIPITATION ON MECHANICAL PROPERTIES 

In a series of papers, Rawers and co-workers considered the effect of chromium 

nitride precipitation on the mechanical and corrosion properties of austenitic 

stainless steels107,123,124. The formation of Cr2N precipitates increased the hardness 

and the yield strength of the high nitrogen steel to a small degree107,123,124, but had 

a far more dramatic effect on the fracture toughness and plasticity of the steeI 107,124. 

Increased amounts of cellular Cr2N precipitation reduced both the elongation to 

failure and the reduction in area during tensile tests. In addition, the results of 

Charpy tests also showed a decrease in the toughness of the steel with increased 

volume fraction of discontinuous cellular precipitation of Cr2N124,107." This 

collection of data is shown in figure 2.3.2 (a) and (b)107. Figure 2.3.2 (a) which 

shows that increased volume fractions of discontinuous cellular precipitation of 

Cr2N, represented by ageing time reduces the toughness of the steel, represented 

by impact energy in Joules. Figure 2.3.2 (b) shows that the yield strength is not 

improved by the presence of Cr2N precipitate cells and the reduction in area· 

during tensile testing is also reduced with ageing. In both figures 2.3.2 (a) and (b), 

the influence of discontinuous cellular precipitation of Cr2N on the mechanical 

properties represented is more pronounced at 900°C, because of the increased 

kinetics of precipitation at this temperature107,124. 
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Fig.2.3.2 The influence of ageing time on the toughness of a nitrogen alloyed steel (a) and the 
tensile properties of the same steel (b), after Hawk et ar07. 
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The wear of stain alloyed with low levels of both manganese 

and nickel, showed an i wear resistance with increased volume of 

Cr2N and CrN precipitation. improvement in wear was greatest 

for the CrN of precipitates, which formed during idification were large 

lOl!m in with a blocky of morphology l07. It was 

proposed addition of niobium and vanadium might lead to formation 

of similar n precipitates which could improve the wear further 

because niobium and vanadium nitrides, an MX stoichiometry are harder 

than CrN . In a set of alloys, formation of discontinuous 

precipitate Is caused a reduction in wear resistance and this was attributed to 

extensive microfracture that in the of the 

observations in high nitrogen alloys with sl alloy compositions, 

viz additions of nickel, that the formation of 

lular precipitation of Cr2N also resulted in a considerable 

decrease in toughness of the although ied by small increases in 

yield strength and hardness125
,126. 

Finally, et showed the formation Cr2N type in low 

manganese low nickel with additions of 0.69 wt% nitrogen in 

the sensitisation of the steeP26. An AISI 316 however, showed a 

tendency to than the high nitrogen steel, when carbon in the 

AISI 316 was high carbon favour the formation of 

M 23C6 The Cr2N that form high nitrogen remove 

less chromium from solid solution and hence do result in the same degree of 

sensitisation as is associated with the formation of M 23C6 When 

the carbon content was reduced, the AISI 316 showed resistance 

to sensitisation than the nitrogen steel, since there was less of 

precipitate formation in the AISI 316 steel than in the high nitrogen 126 The 

sensitisation behaviour of a high nitrogen steel, an AISI 316 steel with low carbon 

levels and an AISI 316 with high carbon is shown .3, 

which ill the observations 
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2.3.2 11: ............. OF NIOBIUM AND VANADIUM NITRIDES ON MECHANICAL PROPERTIES 

1 PRECIPITATE FORMATION DURING AGEING 

The addition niobium, vanadium and titanium to 

known to improve creep resistance of 

preference 

steels has 

MX-type precipitates, rich 

carbides or chromium in these 
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2.3.4 A comparison of the creep of stainless steels alloyed with 
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urn rich precipitates usually coarsen more qUickly than the niobium or 

um rich MX-type 

than chromium rich 

they are finer than 

MX precipitates are therefore more 

creep 

precipitates98. 

of 

shows that steels with niobium, titanium um (alloy IN 519 

with 

with niobium additions (IN 519) 

same base composition, without 

(alloy HK 40)98, 

creep resistance than an 

addition of precipitate 

improved 

lower 

of with MX-type precipitates, 

INhn.,,,o,,, than steels with no preci 
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Miyahara et proposed that the al composition of stainless with 

regard to precipitate forming elements as titanium, vanadium, and tantalum, 

must Iy to produce precipitates the distribution 

so that the hardness is improved while retaini some toughness95
• Their work on 

um, vanadium and tantalum additions to a 12 - 15 wt%Mn steel 

showed with a large fraction of fine vanadium 

exhibited the greatest hardness a'nd lowest Charpy 

Precipitates that were coarser, as a result um additions, exhibited better 

toughness although hardness was reduced9s• Figure 5 shows that greatest 

level of hardness was achieved in al 2Cl NWV and lC2NWV and was 

result alloying with vanadium and tungsten95
• The hardness of alloys was 

...... "'.,.t£3 .. than the with tantalum additions, 1 C2NWVTiTa. 

it has observed that the formation of titanium nitrides in a wt%Cr-25 

wt%Ni steel improved the wear resistance of the steel considerably128. The 

titanium nitrides were introduced into the a complex powder lurgy 

process. A fine distribution of small particles in the with a 

cuboidal/spheroidal shape. the yield strength was significantly 

when compared to commercial high steels, elongation to failure 

decreased significantly. however, of the steel sti II proved to 

better than the AISI 1 
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Fig.2.3.5 Vickers hardness as a function of ageing time for a range of Fe-12wt%Cr-15wt%Mn 
alloys with vanadium, titanium and tantalum additions after Miyahara et aj95. 

2.3.2.2 THE EFFECT OF EUTECTIC PRECIPITATES ON MECHANICAL 

PROPERTIES 

Large eutectic niobium carbide precipitates that formed during solidification have 

been reported to reduce Charpy V-notch toughness and the elongation to failure of 

mild steels99
,100. In contrast, Wen Tai et al showed that the formation of eutectic 

M 23C6 precipitates and niobium, titanium and zirconium rich eutectics in a Cr-Ni 

stainless steel improved the creep resistance of the steel98
, It was proposed that the 

precipitates hinder crack propagation and grain boundary sliding98
• 
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formation of precipitation is not expected to show favourable resu 

for wear resistance of because the associated with 

could lead to premature microfracture duri abrasive wear. Should 

addition of precipitate forming elements for 

solid state reaction, result in precipitates, 

must 

forming 

formation of 

might not tum out to 

precipitates. 

hardening 

uence on 

a 

wear 

of the addition of 

beneficial because of the 
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3. EXPERIMENTAL ApPROACH 

3.1 MATERIALS 

purpose of project was to the influence of niobium and vanadium 

additions on high nitrogen steel alloys a base composition of 20 8 

wt%Mn-1 wt%N. Columbus Stainless produces simi steels for 

commercial with the name CROMANITPM. The alloy compositions 

were so that the individual effect of of niobium and 

vanadium on the microstructure and properties could be 

Further, al compositions were of both 

niobium and vanadium could be at of each element. The 

al that were for experimental investigation are shown in table 1.1. 

Alloy C contains low levels of both niobium and vanadium, and is thus representative 

of the composition of the high steel al Alloy D contains 1 wt% 

niobium represents the Influence of niobium additions to composition; 

likewise alloy E is representative influence vanadium. Alloy F n;><.:,£,nTC the 

combined effect of both niobium and vanadium, 1 wt% addition of Other 

alloys were selected with intermediate of both niobium and vanadium, which 

incl alloys A and H with more niobium than vanadium, and loys Band 

n more than 
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Table 3.1 1 The current investigation. 

(wt%) Alloy A Alloy 8 Alloy C AiloyD Alloy E AiloyF Alloy G Alloy H 

Fe 

Cr 23.88 24.65 24.06 24.43 23.5 23.11 22.99 23.69 

Mn 18.79 18.32 17.5 17.45 18.29 14.84 18.42 18.43 

N 1.02 1.145 1.03 1.02 1.168 0.98 1.129 1.125 

C 0.11 0.14 0.077 0.11 0.13 0.23 0.12 0.14 

Nb 0.62 0.29 0.04 1.17 0.04 0.92 0.29 0.40 

V 0.45 0.75 0.20 0.11 1.18 0.94 0.47 0.22 

TraeR R1RmRnt.f! 

S 0.006 0.006 0.004 0.007 0.004 0.006 0.006 0.004 

P 0.002 0.021 0.023 0.002 0.02 0.03 0.02 0.02 

Si 0.48 0.30 0.25 0.28 0.28 0.47 0.5 0.45 

Cu 0.05 0.08 0.09 0.06 0.07 0.08 0.07 0 . .06 

Co 0.01 0.02 0.01 0.02 0.03 0.01 0.02 0.02 

Ti 0.008 0.003 0.003 0.005 0.003 0.008 0.007 0.005 

Mo 0.003 0.030 0.080 0.110 0.020 0.920 0.020 0.030 

Ni 0.21 0.21 0.48 0.48 0.20 3.36 0.21 0.22 

3 EXPERIMENTAL PROCEDURE 

1 HEAT TREATMENTS 

Sections of material were cut from the and then treated in a vacuum 

furnace in an argon atmosphere. Samples were placed in the vacuum furnace a 

vacuum of 0.01 Pa was obtained, following which argon was bled into furnace 

to a pressure of 40000 Pa at room temperature. During the heating to the red 

heat treatment temperature the pressure increased to values of approximately 13000 

because of heating up of the furnace, and the heat treatment was completed at 

pressure. the required time at heat treatment temperature, was 

bled into the vacuum furnace to atmospheric pressure, so that the furnace could be 
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opened and the specimens could be drop quenched into water. Water quenching of 

the samples ensured that the high temperature microstructure was frozen in and could 

then be investigated using standard metallographic techniques described in section 

3.2.2. 

Fig 3.2.1 The vacuum furnace used for heat treatments for the work presented in this thesis. 

The vacuum furnace that was used for the heat treatments is shown in figure 3.2.1. 

The furnace was specifically designed for drop quenching from elevated temperature. 

The specimen is suspended at (a) inside the furnace on a pin and the furnace tube is 

closed and is sealed at (b), (c) and (d). The vacuum system is on the left-hand side of 

the photograph and consists of a rotary pump for roughing (e) and an oil diffusion 

pump for backing (f) and both are used to obtain the required vacuum in the tube (the 

roughing pump cannot be seen because it is behind the diffusion pump). It is the oil 
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diffusion pump that is able to achieve vacuums of better than 0.0133 Pa. Argon is 

bled into the furnace before heating at (g) to the required argon pressure and after the 

heat treatment, argon is bled in to atmospheric pressure, so that the gate valve at (c) 

can be opened. A bucket of water (h) is placed under the furnace tube (i) and a lever 

is pushed at (a) so that the basket holding the specimen falls off the pin on which it is 

suspended and into the water. This ensures that it is quenched quickly to room 

temperature from elevated temperature. An S-type thermocouple is suspended in the 

furnace at (b) and care is taken so that the specimen is at the same level as the tip of 

the thermocouple where temperature measurements are recorded (j). A 

EUROTHERM temperature controller (k) is responsible for the heating cycles during 

the heat treatments and is connected to a series of eight elements which are placed 

around the furnace tube inside the aluminium housing (j). The furnace tube is a 99.7 

% purity alumina tube, which is able to resist temperatures of 2000 0 e and also has 

good vacuum integrity. The photograph was taken at elevated temperature, which 

explains the orange glow of the alumina tube. 

Samples of the alloys were first solution treated before they were aged at different 

temperatures. Initial investigations for an appropriate solution treatment showed that 

there was little difference in the microstructure after two, five and ten hour solution 

treatments at 12sooe and 1300°C. A solution treatment of two hours at 13000 e was 

therefore selected as a standard treatment for all of the alloys prior to ageing. This 

treatment ensured that the specimens from the castings were homogenised and that 

maximum dissolution of precipitates that formed during casting had been achieved. 

Following the solution treatment at 13000 e for two hours, specimens of the eight 

alloys were aged at three different temperatures. Various authors have shown that 

precipitation occurs in high nitrogen steel alloys between soooe to 12000 e and 

different forms of precipitation have been reported in this temperature 

range 31 ,33,38,42,107,. For a complete investigation of precipitate formation in the eight 

high nitrogen steel alloys temperatures of 800oe, 10000 e and 11 oooe were selected. 
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For an initial investigation of the influence of ageing treatments on microstructural 

evolution, specimens were first aged for 2 hours. Following this study, consideration 

was given to the feasibility of an investigation of longer and shorter ageing times for 

each alloy and for each ageing temperature. Where necessary, some of specimens 

were aged for times of 0.5 hours, 5 hours, 10 hours and 100 hours. After each ageing 

treatment the specimens were water quenched, again to freeze in the high 

temperature microstructure for further analysis. 

3.2.2 METALLOGRAPHY 

After heat treatments, specimens were sectioned so that any surface effects due to heat 

treatment would be eliminated. The specimens were then mounted in resin and 

polished using a STRUERS automatic polisher to a 0.25 flm finish. The mounted 

samples were electro-polished, when necessary, in a chromic acid solution with the 

composition given below, at 20 V for up to 60 seconds at room temperature. 

25g Cr03 

133m! acetic acid 
7m! distilled water 

The same solution was used for etching, but the voltage was decreased to 10 V and 

the samples were etched for approximately 20 seconds. Niobium and vanadium 

precipitates were not preferentially attacked by the chromic acid solution, during 

electro-polishing and etching, which left the precipitates standing proud on the matrix 

surface. Chromic acid however, did attack chromium rich precipitates preferentially, 

leaving behind holes. The etching procedure did however produce good results for 

light microscopy, and any further analysis of the precipitates was completed either in 

backscattered mode on the scanning electron microscope, or in the transmission 

electron microscope. 
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Light microscopy was carried out using a REICHERT Me3A light microscope uSing 

Nomarski interference contrast. The images obtained from this microscope showed 

the distribution of the precipitates and volume fraction of the precipitates. In some 

cases the morphology of the precipitates could be characterised. Light micrograph 

images were captured using a LEICA digital camera. 

3.2.3 COMPOSITIONAL ANALYSIS 

Polished sections of the alloys after various heat treatments were imaged using a 

LEICA 440 scanning electron microscope (SEM). In most cases, images were acquired 

using backscattered electron mode, but the microscope was also used in secondary 

electron mode. The primary purpose for the use of the LEICA 440 SEM was to obtain 

compositional information from the precipitates, in the form of x-ray maps. 

X-ray maps show the change in concentration of an element across a field of view of 

the sample, in terms of a change in colour. For the current investigation, red indicates 

a high concentration of the element detected and blue represents a low concentration. 

X-ray maps were acquired successfully from bulk samples when the precipitates of 

interest were at least 1 flm in diameter. In this case, an accelerating voltage of 20 kV 

was used with a probe current of 2 nA. X-rays were collected from each data point for 

approximately 70 ms, and the size of the maps was 256x256 pixels. The area of the 

sample that was scanned depended on the magnification selected. 

X-ray maps from precipitates smaller than 1 flm could not be acquired successfully 

from bulk samples. The interaction volume of the electron beam in a bulk sample 

produced x-rays from the small precipitate as well as the matrix below. Consequently 

the x-rays from the interaction volume masked any difference in composition at the 

surface and the compositional change in the precipitate could not be detected. 

Instead of bulk samples, thin foil samples were mounted on cylindrical stubs and 

placed in the SEM. X-ray maps generated from these samples successfully showed the 
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compositional differences between the precipitate and the matrix, since the foils 

reduced the interaction volume associated with bulk samples. The x-ray maps 

generated from the thin foils were acquired using the same instrument settings as 

those that were acquired from the bulk samples. As a consequence a qualitative 

description of the composition of precipitates approximately 50-100 nm in diameter 

or width could be obtained. 

3.2.4 X-RAY DIFFRACTION 

X-ray diffraction (XRD) data was collected to determine the lattice parameter of the 

austenite in selected alloys. This data was used so that the austenite could be used as 

a standard for electron diffraction studies of precipitates in the austenite matrix. In 

addition, XRD data was used to identify second phases in the alloys when necessary. 

A computer interfaced PHILIPS x-ray diffractometer was used to collect x-ray data 

using a copper tube, which generates x-rays with a wavelength of 1.54 A. X-rays were 

collected over a 2-theta range of 30 0 to 1000 at an increment of 0.01 0
, and the x-rays 

at each increment were collected for lOs. The voltage was set at 40 kV and the 

current at 25 mA. 

3.2.5 ORIENTATION MAPPING 

Microstructural maps based on orientation measurements were acquired using two 

different systems. At the Electron Microscope Unit at the University of Cape Town the 

HKL TECHNOLOGY electron backscattered diffraction (EBSD) system attached to a 

CAMBRIDGE S200 SEM was used. At the University of Manchester and UMIST, the 

HKL TECHNOLOGY EBSD system was attached to a field emission gun SEM, which 

was capable of higher resolution than the CAMBRI DGE S200 SEM. In both cases the 

scanning electron microscopes were operated at 20kV and the beam current was 

optimised for good pattern quality. Both the beam scan mode and the stage scan 

mode were employed, depending on the microstructural features that were analysed. 
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Typical step size values for the beam scan mode were 1 flm and for the stage scan 

mode, 15flm. The beam scan mode was used for the analysis of fine microstructural 

features, of the order of 1 flm and the stage scan mode was used for coarser 

microstructural features such as grain sizes of 10 flm. The orientation data was 

processed using a custom written program, VMAP 6129. The orientation images were 

produced as Euler colour maps. These maps are 256 colour maps in which the 

strengths of the primary colours are proportional to the three Euler angles. In many 

cases, regions of similar orientation have similar colours. However, this is not always 

the case because of discontinuities in Euler space, but this complication did not create 

any confusion for the purposes of the current investigation. 

3.2.6 DIFFRACTION STUDIES 

The transmission electron microscope (TEM) was required for imaging of very fine 

precipitates that could not be resolved in the light microscope, to characterise their 

size and morphology. In addition, diffraction information generated by the TEM was 

used to determine the crystal structure of the precipitates, to calculate the lattice 

parameters and to establish the orientation relationship between the precipitate and 

the matrix. 

3.2.6.1 SPECIMEN PREPARA TJON 

Discs 3 mm in diameter were punched from a mechanically thinned square of 

material approximately 200 flm thick. The discs were further thinned mechanically 

until they were 80-100 flm thick. Finally the discs were electrochemically thinned to 

perforation, using a STRUERS TENUPOL jet electropolisher with the following 

polishing solution: 

10% perchloric acid 
20% glycerol 
70 % methanol 
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Samples were polished between 15 V-17 V and at temperatures between -10°C and 

O°C, using an approximate flow rate setting of 4.5 on the instrument. 

3.2.6.2 SELECTED AREA DIFFRACTION VS CONVERGENT BEAM ELECTRON 

DIFFRACTION TECHNIQUES 

A JEOL 200CX transmission electron microscope was used at the beginning of the 

project for the analysis of the precipitates. In many cases the precipitates that were 

studied were less than 100 nm in diameter or width. Further, the precipitates 

frequently possessed a lamellar structure, which led to complicated selected area 

diffraction (SAD) patterns, as a result of double diffraction effects 130. Selected area 

diffraction studies on the JEOL 200CX gave limited diffraction information, which then 

motivated for the use of an electron microscope with convergent beam electron 

diffraction (CBED) capabilities. 

A PHILI PS CM 12 electron microscope was used for diffraction studies and later when 

this microscope was no longer available, a PHILIPS 420 electron microscope was 

used. The CM 12 microscope is more modern than the EM 420, however both 

microscopes are designed with the patented Twin Lens system by PHILlPS 130
. The 

design includes an auxiliary lens that is placed above the upper objective lens pole 

piece. The prefield of the upper objective lens pole piece acts together with auxiliary 

lens and creates a telefocal lens effect. This enables the microscope to generate both 

a parallel beam for selected area diffraction studies and also allows the user to focus 

the beam onto the sample to allow CBED13o
. 

Both selected area diffraction and CBED methods were used to obtain diffraction 

information from the precipitates in the TEM samples. Selected area diffraction 

techniques are limited however, since the size of selected area aperture on a TEM 

cannot be reduced indefinitely in order to limit the diffraction information to a small 

areas on the specimen44
• The smallest area that can be selected for SAD is 

approximately 500 nm44. As the aperture size is decreased, the errors that occur in 
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Optic Axis 

C2 Aperture 

C2 Lens 

Upper Objective Lens 

Specimen 

Lower Objective Lens 

Diffraction Discs on Back Focal Plane 

Fig 3.2.2 Ray diagram for a CBED pattern, after Williams and Carter44
• 

............. ... ...... .. . :.:.:.:! :.:.' .. :.:.:.: ........ . 

Parallel Electron Beam 

Specimen 

Lower Objective Lens 

Optic Axis 

Diffraction Spots on Back Focal Plane 

Selected Area Aperture 

Fig 3.2.3 Ray diagram for typical SAD patterns after Williams and Carter44
• 
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The variables associated with CBED are, like selected area diffraction, the camera 

length and focus of the pattern. CBED, however, introduces a further variable, which 

is the convergence semi-angle (ex) and is dependent on the size of the C2 aperture44
• 

For small C2 apertures, the diffraction discs are small, but if the C2 aperture is 

increased, the diffraction discs also increase in size and can overlap, in which case it 

is possible to obtain Kikuchi line diffraction patterns from the sample44
• The K-M 

diffraction pattern obtained using CBED techniques with a small C2 aperture, ie a 

small convergence semi-angle (ex), can be indexed in the same way as a spot pattern 

obtained by SAD techniques; the difference is that the area analysed in the case of 

CBED is much smaller. Thus the two diffraction patterns can be compared with each 

other. A further variable for CBED is the spot size or the size of the probe. A change 

in spot size does not change the distance between the spots in the diffraction pattern, 

but decreases the area and volume from which diffraction information is obtained. 

A large amount of information can be obtained from a CBED diffraction pattern. 

Specimen thickness can be determined from the fringes that are observed in 

diffraction discs, for the relevant C2 aperture setting. Further, since CBED patterns 

can show reflections for the zero order laue zones, as well as higher order laue zones, 

the symmetry of the crystal that is analysed can be determined. For the purposes of 

the current work, in each case the zero order Laue zone was recorded and analysed. 

The purpose of the CBED studies was to generate diffraction information from small 

precipitates, of the order of 50 nm in diameter, and distinguish their crystal structure 

as either NaCI FCC or HCP. 

3.2.6.3 INSTRUMENT SETTINGS 

In the case of the PHILIPS CM12 a camera length of 770 mm was used, and in the 

case of the PHILIPS 420, 660mm was used. In analysis of the diffraction pattern the 

camera constant, LA, was determined using the austenite spots, knowing that the 

lattice parameter of the austenite is 3.6 nm, (calculated from x-ray diffraction results). 
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In addition a standard sample of pure aluminium was also used to confirm the results 

of the calculation for LA. For the CBED work a C2 aperture setting of 2 was used and 

this translates to a size of 50 ).lm, and resulted in diffraction patterns with small discs 

that did not overlap, ie the Kossel-Mollenstedt conditions were satisfied. This type of 

diffraction pattern is sometimes termed a microdiffraction pattern. In this thesis K-M 

type patterns have been generated to identify the phases in the high nitrogen steel 

alloys and are referred to as CBED patterns. 

3.2.7 THERMODYNAMIC CALCULATIONS USING THERMOCALC 

Thermocalc is a software package used for various types of thermodynamic 

calculations. In particular Thermocalc can be used for phase diagram calculations for 

binary systems, ternary systems, quaternary systems and most pertinent, 

multicomponent systems. Isopleth diagrams can be generated for muiticomponent 

systems for different conditions. For example, a diagram can be generated to show 

how a difference in temperature and the addition of an element to a base composition 

changes the phase stability of the system. Another example could be diagrams that 

show how the phase stability of the system changes with the addition of two elements 

at a particular temperature. This sort of diagram is a type of 'ternary diagram' and has 

been used extensively in the current work, but is more correctly termed an isopleth 

diagram. 

The thermodynamic calculations that are generated by Thermocalc require 

comprehensive databases that describe the binary, ternary and quaternary systems 

relevant to the multicomponent systems. A number of databases have been 

developed for specialised applications, such as light alloys, steels, those for geological 

applications and also aqueous solutions, to name a few. The database that was used 

during the current investigation is called FEDATA, and has been developed especially 

for steels. The accuracy of isopleth diagrams that are generated for multicomponent 

systems depends on the accuracy of the assessments made of the binary, ternary and 



Univ
ers

ity
 of

 C
ap

e T
ow

n

CHAPTER 3 EXPERIMENTAL ApPROACH 72 

quaternary systems stored in the database that are relevant to the multicomponent 

system. 

Thermocalc was used at the beginning of the project to assist with an initial 

investigation of the phases that were expected to form in the range of high nitrogen 

steel alloys. For this investigation, a base composition of Fe-24 wt%Cr-18 wt%Mn-1 

wt% N-O.1 wt%C was used to generate isopleth diagrams for 1300°C, 1100°C, 

1000°C and 800°C, which correspond to the different heat treatment temperatures in 

the experimental matrix. The diagrams show two axes, the x-axis varies niobium from 

o to 1 wt% and the y-axis varies vanadium from 0 to 1 wt%, and iron takes up the 

compositional balance in each case. 

Following some experimental investigation, minor discrepancies were found between 

the results predicted by Thermocalc and those found by experiment. Thermocalc 

predicts that ferrite should be stable in all of the alloys through a range of 

temperatures, and this was not observed experimentally. Secondly, the temperature at 

which some precipitation reactions were predicted to occur could not be verified by 

the experiments. The most critical parameters, which determined the ferrite/austenite 

phase balance in the current high nitrogen steel alloy system were those that 

described the interactions between Fe-Mn-N and Cr-Mn-N. These interaction 

parameters were not well described in the database for the high levels of these alloy 

additions in the high nitrogen steel systeml3l. This problem was investigated further, 

and some tentative changes were made that gave better predictions for the 

austenite/ferrite balance for the high nitrogen steel alloy systeml3l. Any permanent 

changes to the database however, requi re a more rigorous assessment of the relevant 

binary and ternary diagrams for the alloy levels relevant to the current high nitrogen 

steel alloy system. 

The discrepancies associated with the temperatures at which different precipitation 

reactions occurred was also remedied to some degree. Comparison of the 
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experimental results with the predictions made by Thermocalc motivated careful study 

of the factors that affect the phase balance in this alloy system. It was found that the 

silicon levels in the high nitrogen steel alloys affected the stability of the M 2X phase, 

but the silicon levels were not included in the initial calculations. The calculations 

were then repeated, for niobium and vanadium additions to a base composition of Fe-

24 wt%Cr-18 wt%Mn-l wt% N-O.l wt%C-O.S wt%Si, and these calculations gave 

better predictions of the phase balance at the four temperatures that were investigated. 

It is this set of diagrams that have been presented in the current work. 

The isopleth diagrams that were finally generated by Thermocalc resulted from an 

iteration between the evaluation of experimental results and communication with the 

Royal Institute of Technology, Stockholm, Sweden where the Thermocalc software is 

developed. The final product is a convenient map of the phase balance as a function 

of niobium and vanadium additions, which aids the understanding of the influence of 

these elements on the microstructural evolution. These diagrams represent the best 

possible prediction that Thermocalc can make for these alloy systems. The 

discrepancies that have been discovered might be addressed in the future by the 

developers of the software and the assessment of the database that is required for 

better predictions is beyond the scope of the current work. 

Thermocalc was also used to generate Scheil-Gulliver simulations of solidification for 

the alloys to determine the influence of niobium and vanadium on the nature of 

solidification. These simulations helped to explain the microstructural evolution of 

the alloys observed in the solution treated condition. Such simulations assume that 

local equilibrium is established at the transformation front. Further, for Scheil-Gulliver 

solidification, the solid that has formed at the solid liquid interface is removed from 

the system and then the calculation proceeds to the next step. Complete mixing in 

the liquid is assumed, but the back diffusion in the solid is ignored. The Scheil­

Gulliver simulation of solidification is a type of a macro, which makes use of both the 

Thermocalc software and the relevant databases and for the current project the 
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Samples were machined from bulk material, to a diameter of 5.04 mm and a gauge 

length of 25.2 mm, according to the ASTM BE standard. The specimens were tested at 

a strain rate of 10-3 
S-1 and force (N) vs elongation (mm) data was generated by a 

ZWICK tensometer with corresponding ZWICK software. 

3.2.8.2 CHARPY V-NOTCH TESTS 

Substandard Charpy V-notch specimens were machined from the ingots following the 

appropriate heat treatments. The dimensions of the substandard Charpy V-Notch 

specimen are shown in figure 3.2.4. The samples were tested and the toughness of 

the material was measured by the amount of energy Uoules) required to fracture the 

specimen. 

10mm! 

Fig. 3.2.4 Dimensions of the sub-size Charpy V-notch specimens used for testing of the toughness of 
selected specimens. 

3.2.8.3 WEAR TESTS 

Abrasion tests on selected high nitrogen steel alloys were performed on a converted 

Rockwell belt sandblaster shown in figure 3.2.5. The tests were of the pin-on-belt 

type and the specimen that was used in each case was the shoulder of a tensile test 

specimen. The abrasive belt runs at a constant velocity and the machine has been 

designed so that the specimen moves across the abrasive belt at a constant velocity. 
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An especially designed holder for the tensile specimen shoulder holds the specimen 

firmly in place and owing to the design of the rig, the specimen is always exposed to 

fresh abrasive on the belt. Before the commencement of each test, the sample is first 

'run-in' so that a steady state material loss regime can be achieved during the test. 

After each 2.4 m abrasion run the specimen is weighed to an accuracy of 0.1 mg and 

the mass loss of each sample is plotted as a function of abrasion distance, in 2.4 m 

increments. The test conditions used for the evaluation of the abrasive wear 

resistance of the material are shown in table 3.2.1. 

Table 3.2.1 Conditions employed for the abrasive wear test 

Description 

Speci men Area 

Abrasion Speed (forward) 

Abrasion Speed (transverse) 

Load 

Abrasive Particles 

Abrasive Path Increment 

No of increments 

Test Condition 

50.2 mm2 

260 mm.s·1 

2.2mm.s·l 

15 N 

80 grit alumina on an 
abrasive belt 
2.4 m 

5 

Fig 3.2.5 Rockwell belt sandblaster converted for two body abrasive wear tests of the 
pin-on-belt type. 
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4. RESULTS 

4.1 THE SOLUTION TREATED CONDITION 

All of the eight alloys in the current investigation were first solution treated at 1300°C 

for two hours and water quenched, prior to any further ageing treatments. The 

microstructural evolution during ageing will develop from the microstructure in the 

solution treated condition, thus proper characterisation of the influence of ageing 

treatments on the alloys first requires a study of the alloys in the solution treated 

condition. Such a study allows the precipitates that have formed during ageing to be 

distinguished from those that were already present in the solution treated condition. 

This follows through to the influence of precipitation on the mechanical properties. It 

is necessary to determine the effect of niobium and vanadium additions on the 

mechanical properties of the alloys in the solution treated condition, so that any 

changes in mechanical performance as a result of ageing can be distinguished. 

4.1.1 ISOPLETH DIAGRAM 

The results of the thermodynamic calculations using the Thermocalc software with the 

FEDATA database are shown in figure 4.1.1. This diagram represents the equilibrium 

phase balance that is expected for each of the eight alloys at 1300°C as a function of 

both niobium and vanadium levels, represented on the x and y axis respectively. 

Alloys C, D, F and E represent the boundary conditions of the current investigation 

with regard to composition. Those alloys that mark the centre of the phase diagram 

represent the intermediate compositional conditions. 

Thermocalc predicts that alloy C should contain both austenite and ferrite, whereas all 

of the other alloys should consist of austenite, ferrite and MX precipitates. Further 

examination of the isopleth diagram shows that niobium is more effective than 

vanadium at promoting MX precipitation, since only 0.1 wt% niobium is required for 
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MX precipitation but MX precipitation is absent up to levels of 0.8 wt% vanadium. 

This observation is supported by the metallographic studies of the alloys after solution 

treatment, which follow. These predictions are accordingly consistent with the 

microstructural investigation of the alloys. The only discrepancy is the prediction that 

ferrite should be present at this temperature in all of the alloys, whereas it was only 

observed in alloy D. The reason for this discrepancy is explained in section 3.2.7. 

1.0 
F 

0.9 

0.8 
E B :::s 0.7 Austenite, Fenite & '6 
<tJ MXPpts c: 0.6 ~ 

....... 
c: 0.5 Q) 

~ A 
~ OA G 
....... 
..t:: 
.~ 0.3 

S: 0.2 H 

0.1 

0 
0 

A 0 0.2 OA 0.6 0.8 1.0 
Weight Percent Niobium 

Fig.4.7.7 Section of an isopleth diagram at 7300'C for a base composition of Fe-20 wt%Cr-78 
wt%Mn-7 wt%N-0.7 wt%C-O.5 wt%Si. Niobium and vanadium are plotted on the x and y axis 
respectively and iron makes up the third axis. The diagram shows the influence of niobium and 
vanadium levels on the phase balance in the high nitrogen steel alloys, marked A-H on the map at 
7300 'C. 
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4.1.2 PHASE IDENTIFICATION 

4.1.2.1 METALLOGRAPHY 

Figures 4.1 .2 (a)-(d) show the microstructure of each of alloys C, D, E and F after the 

solution treatment. These alloys represent the compositional limits of the alloys 

investigated, as shown in figure 4.1.1. The microstructure of alloy C in figure 4.1.2 (a) 

shows that alloy C (the base composition) consists of a single phase microstructure 

with large grains, probably resulting from the casting process. The microstructure of 

alloy E after the solution treatment is similar to alloy C in the solution treated 

condition and is shown in figure 4. 1.2 (b). In contrast, the microstructure of alloy D, 

shown in figure 4.1.2 (c) consists of large blocky precipitates and a second metallic 

phase in the austenite matrix. No evidence of a second metallic phase was observed 

in alloy F, which represents the addition of 1 wt% of both niobium and vanadium. 

Large blocky precipitates are observed embedded in the matrix of alloy F, similarly to 

alloy D, as shown in figure 4.1.2 (d). 

To confirm that the matrix phase in alloys C, E, D and F was austenite and to identify 

the second metallic phase observed in alloy D, X-ray diffraction (XRD) studies were 

conducted on these four alloys. The XRD plot in figure 4.1.3 (a) is representative of 

the results obtained from alloys C, E and F, and the plot in figure 4.1.3 (b) is 

representative of alloy D. As was expected, the XRD plots show that alloys C and E 

are fully austenitic. The matrix in alloy F is austenite and the second metallic phase in 

alloy D is ferrite. The identity of the precipitates is confirmed later in section 4.1.2.2 

by the results of x-ray maps and electron diffraction studies. 
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. I I 
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Fig. 4.1.2 (a) 
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Figure 4.7.2 (a)-(d) Alloys C, E, D & F respectively showing the different volume fractions of blocky 
precipitates in each of the alloys after the solution treatment. 
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Fig. 4.1.3 XRD plots representative of (a) alloy C, E and F showing the x-ray peaks for austenite, (b) 
alloy D showing the x-ray peaks for both austenite and ferrite. 

Figures 4.1.4 (a)-{d) show the microstructure of alloys A, B, G and H after the solution 

treatment. Alloys A, B, G and H each contain unequal amounts of niobium and 

vanadium, at levels of less that 1 wt% of each. After the solution treatment, all of 

these alloys are observed to contain blocky precipitates embedded in the austenite 

matrix, similar to the blocky precipitates in alloys D and F. Alloys A and H, which 

contain more niobium than vanadium exhibit a greater volume fraction of blocky 

precipitates. Conversely, alloys Band G contain more vanadium than niobium and 

exhibit a lower volume fraction of blocky precipitates. None of the alloys A, B, G and 

H show the presence of the ferrite phase after the solution treatment. 
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Figure 4.1.4 (a)-(d) Alloys A, 8, C & H respectively, showing the different volume fractions of blocky 
precipitates in each of the alloys after the solution treatment 

4.1.2.2 COMPOSITIONAL AND CRYSTALLOGRAPHIC ANALYSIS 

Alloys A, D and F were chosen for further characterisation of the blocky precipitates 

that were observed in alloys A, B, D, F, G, H using x-ray mapping techniques and 

electron diffraction studies. These alloys were chosen so that the effect of niobium 

and vanadium additions on the composition and crystallography of the precipitates 

could be determined. Alloy D was selected because this alloy represents the 

influence of niobium on precipitate characteristics. Alloy A was chosen so that the 

influence of both niobium and vanadium additions at intermediate levels on the 

composition and crystallography could be characterised. Alloy F was selected 
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because this alloy represents the influence of both niobium and vanadium at 1 wt% of 

each alloy element (levels greater than alloy A) on the precipitate characteristics. 

The x-ray maps for alloy D in figure 4.1.5 (bHd) show that the large blocky 

precipitates in the backscattered electron image in figure 4.1.5 (a) are rich in niobium 

and nitrogen, and depleted in iron and manganese. In alloys containing vanadium 

together with niobium, ie alloys A and F, the blocky precipitates are rich in niobium, 

vanadium and nitrogen, and depleted in iron and manganese. The x-ray maps taken 

from alloys A and F together with the secondary electron image for the field of view 

from which the maps were taken are shown in figures 4.1.6 (a)-(f) and 4.1.7 (a)-(g) 

respectively. 

Alloy D - 1. 17wfDhNb;O. 11wfDhV 

F ig.4. 1 .5 (a) (b) (c) 

(d) (e) 

F ig.4. 1.5 (a) SEM (secondary electron) image of the blocky precipitates in alloy 0, together with x-ray 
maps for (b) niobium, (c) nitrogen, (d) iron and (e) manganese, showing that the blocky precipitates in 
alloy 0 are rich in niobium and nitrogen and depleted in iron and manganese. 
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Alloy A - O.62wt%Nb;0.45wt%V 

Fig.4.1.6 (a) 

(d) 

(b) 

(e) 

84 

(c) 

(f) 

Fig.4.1.6 (a) SEM (secondary electron) image of the blocky precipitates in alloy A, together with x-ray 
maps for (b) niobium, (c) vanadium, (d) nitrogen, (e) iron, (f) manganese, showing that the precipitates 
in are rich in niobium, vanadium and nitrogen and are depleted in iron and manganese. 
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Fig.4. 7.1 (a) (b) (c) 

(d) (e) (f) 

Fig. 4.7.1 (a) SEM (secondary electron) image of the blocky precipitates in alloy F together with x-
ray maps of the precipitates for (b) niobium, (c) vanadium, (d) nitrogen, (e) iron, (f) manganese, 
showing that the precipitates are rich in niobium, vanadium and nitrogen and depleted in iron and 
manganese. 

The information from the x-ray maps together with the phase diagram generated by 

Thermocalc suggest that the blocky precipitates in alloys A, D and Fare MX 

precipitates, typical of those found in alloys with nitrogen, niobium and vanadium 

additions40
,4I. This was confirmed by convergent beam electron diffraction (CBED) 

studies on the blocky precipitates in alloys A, D and F. Figure 4.1.8 (a) shows the 

[001] zone axis diffraction pattern for austenite taken from alloy A, and figure 4.1.8 (b) 

shows the [001] zone axis diffraction pattern for a blocky precipitate in alloy A. On 

comparing the two diffraction patterns it was observed that the crystal structure is the 

same (FCq, but the lattice parameter of the precipitate is larger than the austenite. 

This is also observed for alloys D and F, which have different levels of niobium and 

vanadium compared to alloy A. Figure 4.1.9 (a) shows the [011] zone axis for the 

austenite in alloy D and figure 4.1.9 (b) shows the [011] zone axis for the blocky 
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precipitate. Similarly figure 4.1.10 (a) and (b) shows the [112] zone axis for austenite 

and the [112] zone axis for the blocky precipitate in alloy F. The feint maxima 

between the bright spots in figure 4.1.8 (b) might represent superlattice reflections 

associated with the FCC NaCI crystal structure, common to niobium and vanadium 

nitrides41
• The indexing of the diffraction patterns, shown in figures 4.1.8-4.1.10 is 

shown in figures 4.1.11 (a)-(c). 

Fig. 4.7.8 (a) (b) 

Fig.4.1.8 (a) CBED pattern of the austenite matrix in al/oy A (0.62 wt%NbiO.45 wt% V) showing the 
[001] zone axis, (b) CBED pattern of a blocky precipitate in alloy A that corresponds to the [001] zone 
axis for the FCC system, showing that it has a FCC crystal structure. 

Fig. 4. 1.9 (a) (b) 

Fig.4.1.9 (a) SAD pattern of the austenite matrix in al/oy D (1.17 wt%NbiO.ll wt% V) showing the 
[011] zone axis, (b) CBED pattern of a blocky precipitate in alloy 0 that corresponds to the [011] zone 
axis for the FCC system, showing that it has a FCC crystal structure. 
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Fig. 4.1.10 (a) (b) 

Fig.4. I.IO (a) CBED pattern of the austenite matrix in alloy f (0.92 wt%Nb;0.98 wt% V showing the 
[112) zone axis, (b) CBED pattern of a blocky precipitate in alloy F that corresponds to the [112} 
zone axis for the FCC system, showing that it has a FCC crystal structure. 

• (200) 

~ .i -20
) 

93 92 

• (OOO) (0-20) 

G 91 • 

• • • 
FCC Zone Axis: [001J 

Fig. 4.1. II (a) 

• 
• 
• 

(11-1) • 93 

(i O) 

• 

93 92 

• • (000) 91 

• • 
(200) ::;:. 

FCC Zone Axis: [011J 

91 

(-220) :.:. 

• 

(b) 

FCC Zone Axis: [112J 

(c) 

Fig. 4.1.11 Schematics of the diffraction patterns from the blocky precipitates in (a) alloy A showing the 
indexing of the [00 7} zone axis, (b) alloy D showing the indexing of the [0 7 7} zone axis and (c) alloy F 
showing the indexing of the [1 72} zone axis diffraction patterns. 



Univ
ers

ity
 of

 C
ap

e T
ow

n

CHAPTER 4 RESUL TS - THE SOLUTION TREATED CONDITION 88 

The lattice parameters were calculated for the precipitates in each of the alloys from 

the diffraction patterns. The results of the calculations are shown in table 4.1.1, 

together with the published values for pure niobium and vanadium nitrides with a 

M:X stoichiometry of 1: 1 by Goldschmidt41
• The published lattice parameter values 

and the calculated lattice parameter values are in good agreement with each other. 

Table 4.7 . 7 Lattice parameters of blocky precipitates calculated for alloys A,D 
and F, together with the published values 'by Coldschmidt41

. 

Niobium Nitride (NbN)' 

Vanadium Nitride (VN)' 

Alloy A [OOlJ 

Alloy D [OllJ 

Alloy F [112J 

4.1.3 ALLOY SOLIDIFICATION 

a(A) 

4.38-4.39 

4.07-4.14 

4.36-4.38 

4.24-4.32 

4.20-4.38 

In order to determine the origin of the large blocky precipitates observed in alloys A, 

B, 0, F, G and H after the solution treatments, Scheil-Gulliver simulations of 

solidification using the Thermocalc software with the FEOATA database were 

conducted. Figures 4.1.12 (a)-(d) and figures 4.1.13 (a)-(d) show the results of the 

simulations on alloys C, E, 0 and F, together with a micrograph of each of these four 

alloys in the as-cast condition (figures 4.1.12 (b), (d) and figures 4.1.13 (b) and (d)). 

The Scheil-Gulliver simulation of alloy C in figure 4.1.12 (a) shows that no MX 

precipitation is expected to form during solidification, which is confirmed by the 

micrograph in figure 4.1.12 (b). Figure 4.1.12 (b) shows that a small amount of 

lamellar precipitates have formed during cooling from the solidus temperature. The 

solidification path for alloy E in figure 4.1.12 (c), shows that when vanadium is added 

to the base composition, MX precipitates form during stages 2, 3 and 4 during the 
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Scheil-Gulliver simulation of solidification. If these precipitates have formed they 

were not resolved in the light microscope. The Scheil-Gulliver simulation for alloy E 

also predicts that M 23C6 precipitates will form last during solidification. The 

simulation does represents equilibrium conditions, which are probably not achieved 

in practice and this might account for the absence of M 23C6 precipitates and even the 

MX precipitates in the as-cast condition. A larger amount of discontinuous cellular 

precipitation is observed in alloy E in the as-cast condition than alloy C. These are 

probably chromium nitrides (Cr2N) which formed during cooling from the solidus 

temperature and have dissolved during the solution treatment. Further discussion on 

the discontinuous precipitation of chromium nitrides follows in subsequent sections 

and will not be discussed further in this section. 

1380 +-----'--------"----'---------'----+ 

1360 

1340 

() 1320 

~ 1300 
co 
~ 1280 
E 
~ 1260 

1240 

1220 

1200 +-------,-----,---,-----------,---+ 

A O 0.6 0.8 1.0 0.2 0.4 

Weight Fraction of Solid 

L-________________ ~ 

4.1.12 (a) 

1 Liquid, 
2 Liquid, Austenite, Ferrite 
3 Liquid, Austenite, Ferrite, M"C 

." 

• 

Alloy C - O.04wt%Nb;O.20wt%V 
I I 
200 J.lITl 

(b) 

Fig. 4.1.12 (a) Scheil-Gulliver simulation of solidification for alloy C, (b) Alloy C in the as-cast 
condition showing a single phase austenitic structure and a small amount of precipitation on the grain 
boundary. 
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1 Liquid, 
2 Liquid, MX Ppts 

1450 
3 Liquid, Ferrite, MX Ppts 
4 Liquid, Ferrite, Austenite, MX Ppts 

2 
1400 

5 Liquid, Ferrite, Austenite 
6 Liquid, Ferrite, Austenite, M2JC6 

34 

() 1350 
!!'- 5 
::J 

'§ 1300 
QJ 
D-
E 
~ 1250 

1200 

1150 

A 0 0.2 0.4 0.6 0.8 1.0 

Weight Fraction of Solid 

Fig. 4.1.12 (c) (d) 

Fig. 4.1.12 (c) Scheil-Gulliver simulation of solidification for alloy E, (d) Alloy E in the as-cast 
condition, showing discontinuous cellular precipitation in the austenite matrix. 

The Scheil-Gulliver simulation of alloy D, in figure 4.1.13 (a) represents different 

solidification behaviour as a consequence of niobium addition to the base 

composition. MX precipitates form in the liquid during stages 3, 4 and 5 shown in the 

Scheil-Gulliver simulation of solidification. Stage 5 of the solidification path indicates 

that MX precipitates form as a type of eutectic reaction with the remaining austenite. 

The micrograph of alloy D in the as-cast condition (figure 4.1.13 (b)) shows that the 

blocky MX precipitates are surrounded by austenite and have not formed in the ferrite. 

Stage 5 of the solidification path therefore, accounts for the formation of MX 

precipitates with a blocky morphology in alloy D. MX precipitation is not predicted 

to form during the last stage of solidification in alloy E or alloy C and no blocky 

precipitates are observed in these alloys. HCP precipitates are predicted to form by 

the simulation but are not observed in the as-cast condition of alloy D shown in figure 

4.1.13 (b). As in the case of alloy E, the Scheil-Gulliver simulation, represents 

equilibrium conditions that are probably not the case in practice. 
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(d) 

Fig. 4. 1. 13 (c) Scheil-Gulliver simulation of solidification of alloy F, (d) Alloy F in the as-cast condition, 
showing the blocky precipitates embedded in the austenite matrix. 

4.1.4 MECHANICAL PROPERTIES 

4.1.4.1 TENSILE TESTS 

The tensile properties of six of the alloys, A, C, D, E, F and H, were investigated in 

order to determine the influence of the blocky precipitates, observed in alloys A, D, F 

and H, and not in alloys C and E, on the yield strength, ultimate tensile strength and 

elongation to failure. The results of tensile tests on alloy C were used to compare the 

influence of microstructural differences observed in the other alloys on the tensile 

behaviour. Further, the results of the tensile tests of these six alloys in the solution 

treated condition are used as a comparison for the results obtained from the same 

alloys after ageing treatments. Any changes in mechanical behaviour which are a 

consequence of exposure to a particular ageing temperature can then be easily 

identified. 
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The results of the tensile tests on alloys A, C, D, E, F and H are shown in figure 

4.1.14. The data for all of the alloys is shown on the same set of axes for purposes of 

comparison. Table 4.1.2 lists each of the properties that were calculated from the 

tensile data, together with the results of Vickers hardness tests. It should be noted that 

alloy D contains some ferrite, which compromises direct comparison with the other 

alloys. However, this alloy has been included so that an understanding of the 

mechanical behaviour of this alloy can be established. 

Figure 4.1.14 shows that alloy C has the greatest elongation to failure of up to 63%, 

but the lowest yield strength and ultimate tensile strength. Alloys A, D, F and H have 

higher strength than alloy C and also decreased elongation to failure. The loss of 

elongation to failure corresponds to the formation of the blocky precipitates in alloys 

A, D, F and H. Alloy H has the lowest volume fraction of blocky precipitates and the 

smallest loss in elongation to failure, followed by alloy A and then alloys D and F, 

which have the lowest elongation to failure and the largest volume fraction of blocky 

precipitates. Alloy E has the same yield strength as alloy C, but reduced elongation to 

failure. There is no explanation for this behaviour when studying the microstructure 

in the solution treated condition since it is similar to that of alloy C, and therefore it is 

expected that these alloys should have similar mechanical behaviour. 

The tensi Ie test results suggest that the blocky precipitates do not decrease the 

capacity for plastic work significantly. The tensile tests however, represent low strain 

rate conditions and do not give an indication of the materials' fracture toughness. In 

order to determine the effect of the blocky precipitates on the toughness of the steel 

Charpy V-notch tests were completed on the six samples, again using alloy C for 

comparative purposes. 
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Fig. 4.1.14 Tensile test results on alloys A, C, 0, E, F and H in the solution treated condition. 

Table 4.1.2 List of tensile properties and hardness for alloys A, C, 0, E, F and H, in the solution 
treated condition 

Ultimate 

Tensile Total Plastic 

Yield Strength Strength Elongation to Elongation to Hardness 

Alloy (MPa) (MPa) Failure (%) Failure (%) (Vickers) 

94 

............. -- .. - . __ . __ ................... ..... .................. ............................ ........... _----_ .. . .............. . .......... . ..... 

A 600 952 58 53 272 

C 548 889 68 63 270 

D 625 957 42 37 290 

E 548 811 46 42 298 

F 624 978 46 43 295 

H 589 941 65 61 290 
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(c) 

4.1.75 SEM (secondary electrons) image of the fracture surface of the Charpy V-notch 
the ductile fracture surface of alloy C and (b) cleavage planes on the blocky 

fracture twin in E. 
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4.1.4.3 ABRASIVE WEAR TESTS 

The results of abrasive wear tests on alloys A, C, 0, E and H are shown in figure 

4.1.16. Alloys C and E, which have no blocky precipitates in the austenite, show the 

best wear performance of all five alloys. Alloys C and E also show the lowest yield 

strength. Alloys C and H have similar plastic elongation to failure, but alloy C shows 

superior wear performance to alloy H, which contains blocky precipitates. This result 

suggests that the presence of blocky precipitates in alloys A, 0 and H has a more 

profound effect on the wear resistance of the alloys than the differences in tensile 

properties. The total mass loss over an abrasive path length of 12 m is plotted in 
j 

figure 4.1.17 for alloys A, C, 0, E and H. This chart shows the difference in wear 

performance of the alloys tested and indicates that alloys A, 0 and H show poorer 

wear performance than alloys C and E. 
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Fig. 4.1.16 The results of abrasive wear tests on alloys A, C, 0, E & H in the solution treated condition. 
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Fig. 4.1.17 Total mass 1055 after an abrasive path of 12 m for al/oys A, C, D, E & H in the solution 
treated condition, showing the relative wear performance of the alloys tested. 

Following the abrasive wear tests, the wear surfaces of alloys A and C were examined 

in the SEM. Figure 4.1.18 (a) shows the abrasive wear surface of alloy C after an 

abrasive path length of 12 m. There is evidence of work hardened shear lips, 

common to ductile type materials exposed to abrasive wear. In contrast, figure 4.1.18 

(b) shows islands of brittle regions on the wear surface of alloy A. These islands are 

the same size as the blocky precipitates in alloy A and show that the action of the 

abrasive wear particles causes the precipitates to fracture, thus adversely affecting the 

wear resistance of the alloy. 
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Alloy C - O.04wfO/oNb;O.20wt%V 

Fig. 4.1.18 (a) 

Fig. 4.1.18 SEM (secondary electron) image of the abrasive wear surfaces of alloys C and A in the 
solution treated condition showing, (a) work hardened lips on the surface of alloy C and (b) fracture of 
a blocky precipitate on the surface of alloy A. 

4.1.5 SUMMARY: THE SOLUTION TREATED CONDITION 

A microstructural characterisation of the alloys shows that niobium and vanadium 

influence the formation of large blocky precipitates during solidification. These 

blocky precipitates do not dissolve during the solution treatment, whereas lamellar 

precipitates that have also formed during cooling from the solidus temperature do 

dissolve. The blocky precipitates are rich in niobium in the case of alloy D, but when 

the alloy also contains vanadium, then the precipitates are rich in both niobium and 

vanadium. Niobium additions to the base composition favour the formation of MX 

precipitates as a type of eutectic reaction with the austenite during solidification. 

Vanadium additions to the base composition did not show the same effect, but when 

both elements were added to the steel, then the eutectic type reaction was observed. 

The isopleth diagram shown in figure 4.1.1 which predicts the phase stability of the 

eight high nitrogen steel alloys at 1300°C does correspond to some degree to the 

experimental results in terms of the precipitation reactions, but not in terms of the 

presence of ferrite. If the information regarding the presence of ferrite is not 

considered then this isopleth diagram represents a good summary of the 

microstructural results of the alloys in the solution treated condition. The isopleth 
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diagram also predicts that MX precipitates should be present in all of the alloys at 

1300°C. No blocky precipitates were detected however in alloy E in the solution 

treated condition, thus the MX precipitates that were predicted by Thermocalc might 

have been fine precipitates and were not detected. As a summary of the 

microstructural results at 1300°C, figure 4.1.19 shows a map of the phase stability of 

the eight alloys, on the same axes as the isopleth diagram in 4.1.1. This figure is not 

an attempt to propose a more accurate isopleth diagram, but rather a summary of 

experimental observations made in the current investigation. The alloys that are 

circled by the yellow ring represent those that contain large blocky precipitates in the 

solution treated condition. The red labels indicate the phase stability that was 

observed experimentally of the eight alloys and are different to the predictions made 

by Thermocalc. 
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Figure 4.1.19 Summary of the microstructural characterisation after the solution treatment at 1300 'C. 
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The presence of the blocky precipitates reduced the elongation to failure of the alloys 

to some degree but had a more profound effect on the toughness of the steel. The 

toughness of the steel was reduced considerably by the presence of blocky 

precipitates compared to alloy C, which contained no blocky precipitates. No 

significant increase in strength could be associated with the blocky precipitates and 

the wear performance of the steel was severely reduced as a consequence of these 

large precipitates. These results characterise the mechanical behaviour of the alloys in 

the solution treated condition, and are used as a basis of comparison to detect any 

changes in mechanical properties that result from ageing treatments. 
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Thermocalc to contain austenite, ferrite and MX precipitates. The isopleth diagram 

cannot give an indication of the volume fraction of each phase in each of the 

alloys, but rather maps out the phase stability of each of the alloys. 
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Fig 4.2. 7 (a) Isopleth diagram for the high nitrogen steel alloys for 7700 "C, showing the phase 
balance in each of the eight alloys as a function of the niobium and vanadium level, (b) an 
enlargement of the region of the diagram marked in (a) by the grey square. 
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4.2.2 PHASE IDENTIFICATION 

4.2.2.1 METALLOGRAPHY 

The microstructures of alloys C, E, F, 8 and G after ageing for two hours at 1100°C 

are shown in figures 4.2.2 (a)-(h). No precipitation was observed in alloy C after 

ageing for two hours at 11 OO°e. Figure 4.2.2 (a) shows that this alloy consists only 

of austenite, similarly to the solution treated condition. This is consistent with the 

predictions made by Thermocalc, in figure 4.2.1. Ageing alloy E at 11 OO°C results 

in a significant volume fraction of lamellar precipitates observed in figure 4.2.2 (b) 

and (c). Although lamellar precipitation has occurred most extensively in alloy E, 

this form of precipitation is also observed in alloys 8, F and G as shown in figures 

4.2.2 (d)-(i). Careful study of the precipitate colonies in each of these four alloys 

shows that the colonies have originated from the grain boundaries and the 

lamellae are bounded by a migration front, marked by the arrows in figure 4.2.2 

(c), (e), (g) and (i). The precipitate lamellae never protrude further than the 

migration front and in some cases the migration front has extended ahead of the 

lamellae. These observations indicate that the lamellar precipitates observed in 

these four alloys have formed by a discontinuous cellular precipitation reaction, 

which is associated with the formation of a precipitate colony behind a migrating 

boundary. Further investigation of the discontinuous cellular precipitation reaction 

in the current alloy system follows in section 4.3. Further observations that are 

associated with discontinuous cellular preCipitation in these alloys is the formation 

of twins within the precipitate cells. This can be seen in figure 4.2.2 (i), a higher 

magnification image of the precipitate cell in alloy G. Similar observations were 

made as a consequence of discontinuous cellular precipitation at 1000°C and 

800°C and an extensive investigation of this phenomenon follows in section 4.3.3. 

The precipitates in alloys E and F have a typical lamellar morphology, whereas 

those in alloys 8 and G are often broken and have a more particulate nature. This 

is illustrated by the TEM micrographs in figures 4.2.3(a) and (b), which show the 

nature of the precipitates that have formed discontinuously in alloys E and 8 

respectively. In addition to lamellar precipitation in alloys 8, E, F and G, fine 
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precipitates have formed continuously in these alloys. These precipitates are not 

immediately apparent in the light microscope but can be observed in the TEM. 

Figure 4.2.4 (a) shows the plate-like precipitates that have formed in alloy E and 

figure 4.2.4 (b) shows the precipitates that have formed in alloy Bf with a different 

morphology to those in alloy E. Further analysis of these precipitates to determine 

whether they were the same as those that have formed discontinuously follows in 

section 4.2.2.2 . 

. '. 

I I 
~/oy c; -O.04wt%Nb;O.20wt%V 200 JlIll 

Fig. 4.2.2 (a) 

(b) (c) 
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. -' ". .. 
Alloy B - O.29wt%Nb;O.75wt%V 

~\ .. - .\ 

~ . 

(d) 

~ , 
:', .:~ 

.,J .... , 

." 

l ,.5 L-J: 
Alloy F - O. 92wt%Nb;O. 98wt% V. c :; 50!:!!!! 

(f) 

Alloy G - O.29wt%Nb;O.47wt%V· . 
~ ___ _______________ • ______ ~--J 

(h) 

Alloy B - O.29wt%Nb;0.75wt%V 
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25 
(e) 

(g) 

(i) 

Fig 4.2.2 Alloys C, E, F, Band C after ageing for two hours at 7 700'C showing (a) no precipitation in 
alloy C and a fully austenitic structure, (b) & (c) lamellar precipitates in alloy E that have formed 
discontinuously, (d) & (e) particulate precipitates in alloy B that have formed discontinuously, (f) & (g) 

lamellar precipitates in alloy F that have formed discontinuously, (h) & (i) particulate precipitates in 
alloy C that have formed discontinuously. 
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Alloy E - O.04wt%Nb;1.18wt%V 

Fig. 4.2.3 (a) 

Alloy B - O.29wt%Nb;O. 75wt%V 800 nm 

(b) 

Fig. 4.2.3 TEM micrographs of alloys E and B after ageing at 7 700'C for two hours showing, (a) the 
lamellar precipitates in the discontinuous cell colonies in alloy E, (b) the particulate nature of the 
discontinuous precipitates in alloy B. 
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Alloy E - O.04wt%Nb;1.18wt%V 

Fig 4.2.4 (a) 

Alloy B - O. 29wt%Nb;O. 75wt% V 500 nm 

(b) 

Fig 4.2.4 TEM micrographs of alloys E and B after ageing at 1100"C for two hours showing (a) the 
plate-like precipitates in alloy E that have occurred continuously and (b) the continuous precipitates in 
alloy B. 
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The results of ageing treatments on alloys A, D and H in figures 4.2.5 (a)-(c) show the 

influence of niobium additions to the high nitrogen steel base composition. No 

lamellar precipitation was observed in these alloys after ageing at 11aace for two 

hours and instead fine precipitates have formed both on the grain boundaries and 

within the grains. These precipitates could not be resolved in the micrographs in 

figures 4.2.5 (a)-(c) and were therefore imaged in the TEM. Figures 4.2.6 (a) and (b) 

show the TEM micrographs of the fine precipitates in alloys A and D, which show the 

prolific distribution of the precipitates in each case. Alloy D contains a larger quantity 

of finer precipitates, while alloy A shows a more sparse distribution of larger 

precipitates. Figures 4.2.6 (c) and (d), show the typical size and morphologies of the 

precipitates associated in alloys A and D; alloy D supports smaller, spherically shaped 

precipitates, while those in alloy A are larger with both spherical and cuboidal 

morphology. Finally, the presence of ferrite is also observed in alloy D after ageing at 

11 aace for two hours, as islands in the austenite matrix shown in figure 4.2.5 (b). 
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'"1" , 
Alloy A - O,62wt%Nb;O,45wt%V 

Fig. 4.2.5 (a) 

~ .~ 
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.' . ' 
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~ -
.~' :'.'.,( h\ • -,0 ' ...... } 

Alloy H - 0.40wt%Nb;O.22wt%V 

(c) 

110 

(b) 

Fig. 4.2.5 (a)-(c) Alloys A, 0 & H after ageing at 1100'C for two hours, showing that no lamellar 
precipitates have formed in these alloys after this heat treatment. 
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Alloy A - O. 62wt%Nb;O. 45wt% V 500 nm 

Fig. 4.2.6 (a) 

Alloy 0 - 1. 17wt%Nb;O. 11 wt% V 1 ~m 

(b) 



Univ
ers

ity
 of

 C
ap

e T
ow

n

CHAPTER 4 RESUL TS - ACEINC TREA TMENTS AT 7 700 "C 112 

Alloy A - O.62wt%Nb;O.45wt%V 

(c) 

I I 

Alloy 0 - 1. 17wt%Nb;O. 11wt%V 150 nm 

(d) 

Fig. 4.2.6 TEM micrographs of the fine precipitates in alloys A and 0 that formed after ageing for two 
hours 7700 "C, showing, (a) & (b) the distribution of precipitates in alloys A and 0 respectively, (c) & (d) 
the difference in size and morphology of the precipitates in alloys A and 0 respectively. 
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Although no lamellar precipitation was observed in alloys A, 0 and H after ageing for 

two hours, it was suspected that lamellar precipitates might form in alloys A, 0 and H 

after longer ageing times. These alloys were therefore aged for 5 hours, 10 hours and 

100 hours at 11 oooe to determine whether lamellar precipitates would occur in these 

alloys after extended ageing at 11 OO°e. Figures 4.2.7 (a)-(c) show the results of ageing 

treatments on alloys A, 0 and H at 11000 e for 100 hours; no evidence of 

discontinuous cellular precipitation of lamellar precipitates was observed. Fine 

precipitates have formed extensively instead of the lamellar precipitates and again 

these precipitates are more clearly viewed in the TEM. The TEM micrographs in 

figures in 4.2.8 (a)-(d) show the distribution of the precipitates in alloys A and 0 as 

well as the size and morphological differences between the precipitates in alloy A and 

those in alloy 0 after agei ng for 100 hou rs at 11 OO°e. 

'" •• , ' )' . c .... . ,,·y ... _ 
.. - ... fw' ~.. ' .. ~" . p~,. 

... - .. F· . '· ~ . -:.. . ." 
~ '1 •• ~ , ::':.:'- '" ., .... " , ~. ''\..- ... . ' .;. .. . :!t .. .. --. '", " . ., .. , ... " \~ ........ . ' ,..."_ . ~-..: .... ( .... ......---

~ ,t-. .... . " #. r 
.... " ". . ... ." . " ,.: ':. 

~ • !;'4. ' ...... ! 10 <II ... " '. , ";'r- :i"': ."~ ~ " ~ r .. . . . --. ':' ~_.. .f' ~- -.~ 
• .... ... • ~ , .... ,.. . t 

' .--: " , ~~, : :, ::>t \ '1:' . \'; ; ' -. ' 

... , ' -11', <1"' .... , ~ r , j:~, ~. " ' ... " .~ . 
.. "., \ , ' ' '.. '. .~, .' . , 

.' ' . \ ." , ,, - \ .. \e '.... .,,' \. 
r:- .' t. t .. ~... .. . "".~ .. ~ :r. ~. ,- f ' _.' ~ 

• J~~ ~, .. , ~h.. ; ., .. 
.... ' ''~ \ <:\ :Ii.... .. 

.. ~ <.' .' .... _,~ . i ' ,,''', }''', L-..J 
Alloy A - O.62wt%Nb;0.45wt% V ~ , 50 un 

Fig. 4.2.7 (a) 

: A ' • . . -t . . ' !); . 
.. .. '.~ l " . 

~ " . -.,.. . 
't' l 'I ., 

fJ\ \.. '(0(,4, .! ,;,,. .... ~ ~ 
~ . .: . ~ ...... ... : ... ., 

".:;.,': ~,~ l ........ ~ ........ .. . . 
t" " 
' -..i. . 

, !J 

;,' ~"'~ 
Alloy H - 0.40wt%Nb;O.22wt% V ./ 50 

(c) 

Alloy D -1.17wt%Nb;O.11wt%V 

(b) 

Fig. 4.2.7 (a)-(c) Alloys A, 0, & H showing the absence of lamellar precipitation in these alloys after 
ageing for 700 hours at 7 700 'C. Instead, fine precipitates can be observed in each of these alloys after 
this ageing treatment. 
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Alloy A - O.62wt%Nb;O.45wt%V 1 ~m 

Fig. 4.2.8 (a) 

Alloy 0 - 1. 17wt%Nb;O. 11 wt% V ~~ 1 ~m 

(b) 
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Alloy A - O.62wt%Nb;O.45wt%V 125 nm 

(c) 

, Alloy 0 - 1. 17wt%Nb;O. 11 wt% V 

(d) 

Fig. 4.2.8 TEM micrographs of the fine precipitates in alloys A and 0 that formed after ageing for 700 
hours showing, (a) & (b) the distribution of precipitates in alloys A and 0 respectively, (c) & (d) the 
difference in size and morphology of the precipitates in alloys A and 0 respectively. 



Univ
ers

ity
 of

 C
ap

e T
ow

n

CHAPTER 4 RESULTS - ACEINC TREATMENTS AT 1100 'C 116 

4.2.2.2. COMPOSITIONAL AND CRYSTALLOGRAPHIC ANALYSIS 

The morphology of the lamellar precipitates in alloys B, E, F, and G suggests that the 

precipitates are chromium nitrides (Cr2N) which occur in high nitrogen steels, 

typically with a lamellar structure. These precipitates have a HCP crystal structure 

and an M 2X stoichiometry. Thermocalc did not predict that M 2X precipitation was 

stable at this temperature, only that MX precipitates were stable. MX precipitates have 

been noted to form discontinuously in other alloy systems, thus the identification of 

the precipitates that formed discontinuously in alloys B, E, F and G could not be 

based solely on their morphology. Accordingly, x-ray maps were acquired from the 

cell colonies and electron diffraction studies were conducted on the lamellar 

precipitates in order to determine their composition and crystal structure. 

X-ray maps show that the lamellae in alloys Band E are rich in both chromium and 

vanadium and depleted in iron. Figure 4.2.9 (a) shows a backscattered electron image 

of a precipitate colony in alloy E, showing the lamellae within the cell and figures 

4.2.9 (b)-(d) show the x-ray maps for chromium, vanadium and iron, for the same field 

of view. Likewise, figure 4.2.10 (a) shows a backscattered image of a precipitate 

colony in alloy B and the corresponding x-ray maps are in figures 4.2.10 (bHd). 
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(b) (c) 

Fig. 4.2.9 (a) SEM (backscattered electron) image of lamellar precipitates in alloy E after ageing at 
1100"C for two hours, together with x-ray maps of the same field of view for (b) vanadium, (c) 
chromium and (d) iron, showing that the lamellar precipitates are rich in vanadium and chromium and 
depleted in iron. 
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Alloy B - O.29wt%Nb;0.75wt%V W 2 f..UTl 
Fig. 4.2.10 (a) (b) (c) 

(d) 

Fig. 4.2.10 (a) SEM (backscattered electron) image of lamellar precipitates in alloy B after ageing at 
1100"C for two hours, together with x-ray maps of the same field of view for (b) vanadium, (c) 
chromium and (d) iron, showing that the plate-Jike precipitates are rich in vanadium and chromium 
and depleted in iron. 

X-ray maps were also acquired from the plate-like precipitates in alloy E that occurred 

continuously at 1100°C. Figure 4.2.11 (a) shows a backscattered image of these 

precipitates and the x-ray maps of the same field of view follow in figures 4.2.11 (b)­

(d), for chromium, vanadium and iron. These x-ray maps show that the composition 

of the continuous precipitates in alloy E is similar to the discontinuous lamellar 

precipitates in alloy E (figures 4.2.9 (a)-(d». The precipitates that formed continuously 

in alloy B were much finer that those in alloy E and a sample of alloy B was aged for 

10 hours so that the continuous precipitates would be larger. Figure 4.2.12 (a) shows 

a backscattered image of a string of precipitates on a grain boundary, selected because 

the precipitates were larger in this region; the x-ray maps for chromium, vanadium 

and iron are shown in figures 4.2.12 (b)-(d). This set of x-ray maps show that the 
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composition of the continuous precipitates in alloy B is similar to the lamellar 

precipitates that formed discontinuously in alloy B (figure 4.2.10 (a)-(d)). 

Fig. 4.2.11 (a) (b) (c) 

(d) 

Fig. 4.2.11 (a) SEM (backscattered electron) image of lamellar precipitates in alloy E after a solution 
treatment and ageing at 1100 'C for two hours followed by a water quench, together with x-ray maps 
for (b) vanadium, (c) chromium and (d) iron, showing that the plate-like precipitates are rich in 
vanadium and chromium and depleted in iron. 

The x-ray maps for the lamellae and the continuous precipitates in alloys Band E 

show that both forms of precipitation in these alloys have a similar composition and 

therefore suggest that they are the same type of precipitate, which has formed via a 

different mode. Electron diffraction studies of both forms of precipitation in these two 

alloys show that in the case of alloy E; the discontinuous cellular precipitates and the 

continuous plate-like precipitates both have a hexagonal close packed structure and 

the same orientation relationship with the austenite. Diffraction studies of the 

continuous precipitates in alloy B were not as simple since the precipitates were very 

fine, even after prolonged ageing. It could be establ ished however, that the lamellar 
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precipitates in alloy B had an HCP crystal structure with the same orientation 

relationship as the lamellar precipitates in alloy E. 

Alloy B - O.29wt%Nb;O. 75wt% V 

(b) (c) 

(d) 

Fig. 4.2.12 (a) SEM (backscattered electron) image of the continuous precipitates on the grain boundary 
in al/oy B after ageing at 1100 't: for 10 hours, together with x-ray maps for (b) vanadium, (c) chromium 
and (d) iron, showing that the plate-like precipitates are rich in vanadium and chromium and depleted 
in iron. 

A series of electron diffraction patterns is shown in figures 4.2.13 (a)-(e) , which were 

taken from regions including the austenite and a precipitate lamella in alloy E. Figure 

4.2.13 (a) shows the selected area diffraction pattern for the [1-10] austenite zone axis, 

taken from a region including both a precipitate lamella and the austenite matrix, 

where reflections for the FCC phase can be seen together with extra reflections from 

the precipitate lamella. When the beam diameter is reduced and focussed onto the 

precipitate, a CBED pattern can be obtained from the precipitate, which eliminates 

diffraction information from the austenite matrix, shown in figure 4.2.13 (b). Both of 

these diffraction patterns were indexed and it was calculated that the precipitate 
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(c) (d) 

(e) 

Fig.4.2.13 Diffraction Patterns taken from the precipitate lamellae in alloy f (O.04wt%Nbjl.18wt% V) 
after ageing for two hours at 1100 'C, showing (a) SAD pattern for the [7-1 OJ austenite zone axis 
with extra spots for the [7 -21OJ zone axis of the HCP precipitates, (b) CBED pattern taken from the 
precipitate lamellae, for the [7 -21 OJ HCP zone axis, (c) SAD pattern for the [7 1-2J austenite zone axis 
with extra spots for the [7 0-1OJ HCP zone axis, (d) SAD pattern for the [7 1-2J austenite zone axis with 
extra spots for the [7 0-1OJ HCP zone axis, and extra spots for a superlattice, (e) CBED pattern taken 
from the austenite and the precipitate lamellae showing reflection for the [111 J austenite zone axis and 
the [000 1 J HCP zone axis. 

The indexing of the diffraction patterns shown in figures 4.2.13 (a)-(e) is shown in a 

series of schematics shown in figures 4 .2.14 (a)-(c). From this analysis it could be 

concluded that the precipitates have the following orientation relationship with the 

matrix: 

(111)yll(0001)M 2X;[-11 OJyll[1-21 OJM2X 
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• Matrix 
Re"eciions (111 ) 

.. Ppf 
Re"ections 

(-1010) 
1----- "" 

o 
(000) 

Austenite Zone Axis:[1-10] 

(002) 

HCP Zone Axis: [1-210] 

Fig. 4.2.14 (a) 

• Matrix 
Re"ections 

';" 

(111 ) 

::;. 

(0002) 

o 
(000) 

Austenite Zone Axis:f11-21 

(1-3-1 ) 

) 
(220) 

HCP Zone Axis:[10KJl 

(b) 
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• Matrix 
Reflections 

Ppf 
Reflections • 

• 

• 
o 

(000) 

• 
Austenite Zone Axis:[111] 

• 
. (1-100) 

. (2-20) 

HCP Zone Axis:[0001] 
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(c) 

Fig. 4.2.14 Schematic diagrams showing the indexing of (a) the SAD [1-10] austenite zone axis, with 
the extra spots for the precipitates for the [1-210] zone axis, (b) the [11-2] austenite zone axis, together 
with the extra reflections for the precipitate, which belong to the [10-10] zone axis and those that 
belong to the superlattice, (c) the [111] austenite zone axis with the extra reflections for the precipitate, 
which belong to the [0001] HCP zone axis. 

Diffraction patterns similar to those in figures 4.2.13 (a)-(e) were obtained for the 

lamellar precipitates in alloy B and the continuous precipitates in alloy E, and are 

shown in figures 4.2.15 (a)-(d)-4.2.16 (a)-(c). These diffraction patterns were indexed 

in the same way as shown in the series of schematics in figures 4.2.14 (a)-(c). This 

shows that the lamellar precipitates in alloy B also have an HCP structure, as do the 

continuous precipitates in alloy E. Superlattice reflections for the continuous 

precipitates in alloy E were observed in the SAD pattern for the [11-2] austenite zone 

axis, and were also evident in the CBED pattern taken from the precipitate (figure 

4.2.15 (c) & (d)). These reflections were not observed in the [11-2] austen ite zone axis 

pattern taken from the lamellae in alloy B. Reflections that corresponded to the [10-

10] HCP zone axis did appear consistently with the [11-2] austenite zone axis patterns 

for the lamella in alloy B and the continuous precipitates in alloy E. 

Finally, each of the diffraction patterns shown in figures 4.2.15-4.2.16 were indexed 

in the same way as illustrated in figure 4.2.14. From this analysis, the lattice 

parameters for the lamellae in alloys Band E and the continuous precipitates in alloy 
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parameters for the lamellae in alloys Band E and the continuous precipitates in alloy 

E were determined for each of the zone axis diffraction patterns and the results of 

these calculations are shown in table 4.2.1. The calculated values are in good 

agreement with the published values by Goldschmidt41
• I n each case the 

experimental values fall in a range between those given for V2N and those for Cr2N, 

which can be expected since these precipitates are rich in both vanadium and 

chromium. 

,. -. 
• • '" 
• • 

• 
III • 

.. 
Fig.4. 2.15 (a) (b) 

(c) 

Fig. 4.2.15 Diffraction Patterns taken from the continuous plate-like precipitates in aHoy E 
(O.04wt%Nb; 1. 18wt% V) after ageing for two hours at 1100 'C, showing (a) SAD pattern for the [1-10] 
austenite zone axis with extra spots for the [1-210] zone axis of the HCP precipitates, (b) CBED pattern 
taken from the precipitate lamellae, for the [2110] HCP zone axis, (c) SAD pattern for the [11-2] 
austenite zone axis with extra spots for the [10-10] HCP zone axis and extra spots for a superlattice, (d) 
CBED pattern taken from the precipitate lamellae showing reflections for the [10-10] HCP zone axis as 
well as superlattice reflections. 
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(b) 

B 
for two hours at 1100 7 0] austenite zone axis with 
for the [7-210] zone axis of the HCP precipitates, (b) CBEO pattern taken from 

lamellae, for the {1-210] HCP zone axis, SAO pattern for the [7 austenite zone axis 
with extra for the [10-7 0] HCP zone axis 
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Fig. 4.2.77 CBED pattern taken from a continuous precipitate in alloy B, showing reflections for the 
austenite matrix and the precipitate showing that the precipitate has an FCC crystal structure. 

An analysis of the fine precipitates (figures 4.2.6 (a) and (b)) in alloys A and 0 was 

conducted to determine their composition, crystal structure and orientation 

relationship with the matrix. The small size of the precipitates made it difficult to 

obtain diffraction information or compositional information from them. Specimens of 

these alloys were therefore aged for 1 a hours so that compositional and diffraction 

analysis could be carried out on the larger precipitates that had grown during 

prolonged ageing. 

Figure 4.2.18 (a) shows a backscattered image of the precipitates that have grown 

from a grain boundary in alloy A, after a 1 a hour ageing treatment at 11 aa°e. The x­

ray maps for niobium, vanadium and iron in figures 4.2.18 (b)-(d) show that the 

particles are rich in both niobium and vanadium and depleted in iron. Similarly figure 

4.2.19 (a) shows the fine precipitates that have formed in alloy 0 after ageing for 1 a 
hours at 11 aa°e. These precipitates are rich only in niobium, and contain no 

vanadium, which was expected since alloy 0 has low vanadium additions. 
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Fig. 4.2.18 (a) (b) (c) 

(d) 

Fig. 4.2.18 (a) SEM (backscattered electron) image of fine precipitates in alloy A after ageing for 10 
hours at 1100 'C, showing the field of view from which the x-ray maps were taken, with x-ray maps for 
(b) vanadium, (c) chromium, (d) iron, showing that the precipitates are rich in niobium and vanadium 
and depleted in iron. 

Fig 4.2.19 (a) (b) (c) 

Fig 4.2.19 (a) SEM (backscattered electron) image of the fine precipitates in alloy D after ageing for ten 
hours at 1100 'C, showing the field of view from which the x-ray maps were taken, with x-ray maps for 
(b) niobium and (c) iron, showing that are rich in niobium and depleted in iron. 
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• 
I 
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I 

• 'e (' • 
• e' • • • • • • • • • • • '" • 

Fig4.2.27 (a) (b) 

Fig. 4.2.27 CBED patterns from the fine precipitates in alloy D (1. 17wt%NbiO. llwt% V) after ageing at 
77 00 'C showing, (a) the [0 7 7] zone axis for the MX precipitate, (b)the [772] zone axis for the MX 
precipitate. 

The faint spots that are observed in the [112] zone axis diffraction patterns taken from 

the precipitates in alloys A and 0 in figures 4.2.20 (b) and 4.2.21 (b) can be indexed 

as precipitate superlattice reflections, since d-values for the reflections are greater than 

those for the FCC precipitate. This indicates that the precipitates have an ordered 

NaCI FCC crystal structure, typical of MX precipitates132
• 

The lattice parameters for the precipitates in alloys A and 0 were calculated from the 

diffraction patterns and the results of these calculations are shown in table 4.2.2. The 

values agree, with some variability, with the published values given for pure niobium 

and vanadium nitrides with an exact 1:1 MX stoichiometry . 
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Table 4.2.2 Lattice parameters for the fine precipitates in alloys A and 0 calculated 
from the corresponding diffraction patterns, together with the published 

values 'after Goldschmidt41
• 

6 

a (A) 

Niobium Nitride (NbN)' 4.38-4.39 

Vanadium Nitride (VN)' 4.07-4.14 

Alloy A [OOlJ 4.3 

Alloy A [112J 4.2 

Alloy D [OllJ 4.2 

Alloy D [112J 4.4 

132 

There are some discrepancies between the predictions made by Thermocalc and the 

experimental results. M 2X precipitates were not predicted at this temperature for any 

of the alloys, however this form of precipitation was observed in alloys B, E, F and C. 

The predictions did however agree with the microstructural observations for alloys A, 

e, D and H, where in the case of alloy e no precipitation was predicted or observed 

and in alloys A, D and H, MX precipitation was observed as predicted by Thermocalc. 

Ferrite was not observed in any of the alloys except alloy D, although it was predicted 

to be present in all the alloys, except alloy C. The reasons for these discrepancies 

were discussed in section 3.2.7. 

4.2.3 MECHANICAL TESTS 

The results of tensile tests on alloys A, D, E & H, illustrate the effect of the two 

different forms of precipitation that occur at 11 oODe on the mechanical behaviour of 

the steel. The results from alloys A, D and H after ageing treatments at 11 oODe show 

the influence of MX precipitate formation on the tensile properties, whereas the 

results of alloy E show the influence of lamellar precipitation. Alloye in the solution 

treated condition was included for comparison purposes since the purpose of the 

current investigation was to determine the influence of precipitation reactions, as a 
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Fig. 4.2.22 Tensile test results of alloys A, D, E and H after ageing for two hours at 1100 'C together 
with alloy C in the solution treated condition for comparative purposes. 

Table 4.2.3 Tensile properties of alloys A, D, E and H after ageing for two hours at 1100 'C, together 
with alloy C in the solution treated condition. 

Alloy 

A 

C 

D 

E 

H 

Yield Strength 

(MPa) 

658 

587 

676 

886 

662 

Ultimate Tensile 

Strength 

(MPa) 

913 

914 

979 

1262 

970 

Total Bongation to Plastic Bongation to 

Failure (%) Failure (%) 

19 

68 

20 

28 

33 

15 

63 

16 

23 

28 
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Fig. 4.2.23 Comparison of tensile test results of E after ageing at 1100 "C for two hours with alloys C 
and E in the solution treated condition. 

The effect of ageing time at 11000 e on alloy A is illustrated by the collection of tensile 

test curves in figure 4.2.24, which shows the results of ageing treatments for 0,5, 2, 

and 5 hours. Similarly the tensile test results for alloys D and H after ageing at 

11000 e for 0.5, 2, 5 and 10 hours are shown in figures 4.2.25 and 4.2.26. The results 

have been plotted so that the difference in yield point and plastic elongation to failure 

can be compared for each specimen more clearly, since both of these properties 

should be optimised for improved wear performance. For each set of data the 

corresponding solution treated alloy is included for comparative purposes. The 

numerical results of the tests, for the three alloys after the four different ageing times, 

is shown in table 4.2.4 together with the results in the solution treated condition for 

comparative purposes. 

The tensile results for alloy A (figure 4.2.24) show that the yield strength is greatest 

after a 2 hour ageing treatment, and as expected the elongation to failure is also the 
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lowest. The yield strength is lower and the elongation to failure greater after ageing 

for 0.5 hours and 5 hours. After all three heat treatments, the yield strength is greater 

than the solution treated condition and the elongation to failure lower. The results of 

ageing for 10 hours were dubious, since the ultimate tensile strength and elongation 

to failure are low, and suggest that failure occurred as a consequence of inclusions or 

porosity in the castings. A second test in the same condition showed similar results 

and the limited availability of material prevented further testing of alloy A after ageing 

at 1100°C for 10 hours. A reliable tensile result for alloy A after ageing for 10 hours 

could not be obtained and the data that was acquired has been omitted. 

1100 

1000 Solution Treated -cu 
O.5hrs 0.. 

~ 

II) 
900 

II) 

e -en 800 
D) 
c: 
·c 
CP 
CP 700 c: 
c:» 
c: 
W 

600 ~------------------------------------------------

500+-------~------~------,-------,-------,-------, 

0.0000 0.1000 0.2000 0.3000 0.4000 0.5000 0.6000 

Plastic Strain to Failure 

Fig. 4.2.24 The effect of ageing time at 1100 'C on the tensile properties of alloy A 
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The tensile results of the ageing treatments at 11 OO°C for 0.5, 2, 5 and 10 hours on 

alloy 0 in figure 4.2.25 show that the tensile properties vary with ageing time. The 

maximum yield strength occurs after 0.5 hours of ageing, but the elongation to failure 

in this alloy only reaches a minimum after 2 hours of ageing. The yield strength of 

alloy 0 decreased after 5 hours of ageing compared to the 0.5 hour ageing treatment 

and after 10 hours, the yield strength was similar to the solution treated condition. 

The elongation to failure after ageing at 1100°C was a minimum after ageing for 2 

hours and was greater after ageing for 0.5, 5 and 10 hours at 1100 0c. 

1100 

O.5hrs 

1000 - Solution Treated cu 
11. 
~ 

II) 
900 

II) 
CD .... -en 800 
C) 
c: 
'i: 
CD 
CD 700 c: 
C) 
c: 
W 

600+------------------------------------------------

500 +-----~----~----~----~----~----.-----~----~ 

0.0000 0.0500 0.1000 0.1500 0.2000 0.2500 0.3000 0.3500 0.4000 

Plastic Elongation to Failure 

Fig. 4.2.25 The effect of ageing time at 1100 'C on the tensile properties of alloy D. 

The difference in yield strength and elongation to failure for alloy H (figure 4.2.26) 

after different ageing times at 11 OO°C is not as marked as for alloys A and D. Alloy H 

shows maximum strength after ageing for 2 hours at 1100°C and a minimum after 

ageing for 0.5 hours and 10 hours. The elongation to failure after ageing at 1100 °C 
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decreased compared to the solution treated condition, but did not show any obvious 

minimum value. 

1100 

1000+---------------~~-------------------------------CIS 
Q. 

:!: 
- 900 +-----------~~-- -------=-~ __ ~UUl./I_I.__.,r.u:.oueu__-­
en en 
f -en 
C) 800 
c ·c 
Q) 
Q) 
c 
C) 
c 
W 

700 

600 ~-----------------------------------------

500 +----,----.---.----,----.---~----, 

0.0000 0.1000 0.2000 0.3000 0.4000 0.5000 0.6000 0.7000 

Plastic Elongation to Failure 

Fig. 4.2.26 The effect of ageing time at 1100 'C on the tensile properties of alloy H. 
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Table 4.2.4 

to Failure to Failure 

600 952 58 53 

0.5 576 928 36 32 

2 658 913 19 14 

5 607 877 25 21 

10 541 696 12 9 

D 

Solution 625 957 42 37 

0.5 707 1032 31 27 

2.0 676 979 18 16 

5.0 648 1029 27 23 

10. 628 988 27 23 

H 

589 940 65 61 

0.5 618 960 40 36 

2.0 662 970 34 28 

5.0 636 950 30 2S 

10.0 618 964 33 29 
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Fig. 4.2.27 (a) Engineering yield stress as a function of ageing time for alloys A, 0, H showing the peak 
aged condition for each of these alloys at 1100 "C. 

Table 4.2.4 shows the numerical results of the tensile properties for alloys A, D and H 

after the four different ageing times, together with the tensile results of these alloys in 

the solution treated condition. The results of these tests are summarised in figures 

4.2.27 (a) and (b), which show the yield strength and plastic elongation as a function 

of ageing time respectively. Figure 4.2.27 (a) shows that a maximum in the yield 

strength is reached as a function of ageing time and figure 4.2.27 (b) shows that the 

elongation to failure decreases after ageing treatments at 1100 dc. 
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0.7 
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Fig. 4.2.27 (b) Plastic elongation to failure as a function of ageing time for alloys A, 0, H showing the 
peak aged condition for each of these alloys at 1100 'C. 

4.2.3.2 CHARPY V-NOTCH TESTS 

Alloys A, D, E and H all showed reasonable levels of ductility during the low strain 

rate conditions of the tensile test. These alloys were therefore tested to determine 

their toughness under high strain rate conditions. Two specimens of each of alloys A, 

D, E and H were machined for Charpy V-notch tests after solution treating and ageing 

for 2 hours at 11 OO°c. The results of the Charpy V-notch tests are shown in table 

4.2.5 together with alloy C in the solution treated condition. These tests show that the 

toughness of alloys A, D, E and H is low compared to alloy C in the solution treated 

condition. The low fracture toughness of these alloys probably arises from the blocky 

precipitates in alloys A, D, and H (table 4.1.3) since these alloys were shown to have 

low fracture toughness in the solution treated condition. The influence of ageing at 

1100°C on the toughness of alloys A, D and H could not be establ ished and further 
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Table 4.2.6 Specimens selected for abrasive wear tests together with the 

Alloy 

2 

A 

D 

H 

C 

E 

• • 
• 

Vickers hardness of each specimen. 

Ageing Treatment at 

1100°C (hours) Vickers Hardness 

• 

• 

• 

4 

2 

5 

0.5 

2 

2 

5 

2 

2 

6 

~ 

• 

• 

8 

Abrasive Path (m) 

325 

338 

359 

328 

333 

305 

287 

372 

• 
• 
• 

10 

of: 

• 
• 

• 
A - 2hrs 

. A - 5hrs 

.. A - Solution Treated 

• C - Solution Treated 

12 

-

14 

143 

Fig. 4.2.28 (a) The results of abrasive wear tests on alloy A after ageing for 2hrs and 5hrs, together with 
alloy A and C in the solution treated condition for comparative purposes. 
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Fig. 4.2.28 (b) The results of abrasive wear tests on alloy 0 after ageing for O.Shrs and Shrs, together 
with alloys A and C in the solution treated condition for comparative purposes. 
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Fig. 4.2.28 (c) The results of abrasive wear tests on alloy H after ageing for 2hrs and Shrs, together with 
alloys A and C in the solution treated condition for comparative purposes. 
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The results of wear tests on alloy A are shown in figure 4.2.28 (a) and show that the 

wear resistance of each of the specimens of alloy A is inferior to alloy C in the 

solution treated condition. Ageing for two hours at 1100°C shows the poorest abrasive 

wear performance of all four specimens shown on the graph. Ageing of alloy A for 5 

hours results in better wear resistance over the abrasive path length tested than after 

ageing for 2 hours. Further, the results show that the wear resistance of alloy A aged 

for 5 hours decreases in comparison to alloy A in the solution treated condition after 

extended abrasion. 

The abrasive wear resistance of specimens of alloy D, after ageing treatments for 0.5 

and 5 hours and in the solution treated condition also show poorer wear performance 

than the solution treated specimen of alloy C, as illustrated in figure 4.2.28 (b). 

Ageing alloy D for 5 hours results in an improvement in the wear resistance of the 

alloy compared to the same alloy in the solution treated condition. In contrast, the 

wear resistance after ageing for 0.5 hours is inferior to the wear resistance in the 

solution treated condition. Figure 4.2.28 (c) shows the abrasive wear test results for 

the selected specimens of alloy H together with alloy C. The wear resistance of alloy 

H is improved by ageing at 1100°C for 5 hours, compared to the same alloy in the 

solution treated condition. Further, the wear resistance of alloy H after ageing for two 

hou rs shows the poorest wear performance of all the speci mens represented in the 

graph. Once again, none of the specimens of alloy H show superior wear 

performance to alloy C in the solution treated condition. 

In spite of the superior tensile properties of alloy E after ageing for two hours at 

1100°C, this alloy shows significantly poorer wear resistance than either alloy C or 

alloy E in the solution treated condition. Figure 4.2.29 shows the abrasive wear 

results of these three specimens. 
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Fig. 4.2.29 The results of abrasive wear tests on alloy E after ageing for O.Ohrs, 2 hrs together with 
alloy C in the solution treated condition for comparative purposes. 
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Fig. 4.2.30 Chart showing the results of abrasive wear tests of all the specimens tested after solution 
treating and after ageing at 1100 'C for various times, showing the differences in total mass 1055 for 
each specimen represented. 



Univ
ers

ity
 of

 C
ap

e T
ow

n

CHAPTER 4 RESUL TS - AGEING TREATMENTS AT 1100'(: 147 

The cumulative mass loss for each of the specimens tested after an abrasive path of 12 

m is shown in figure 4.2.30. This chart compares the overall wear performance of all 

of the specimens tested after ageing at 1100°C, together with the respective alloys in 

the solution treated condition. The results for alloys D and H aged for 5 hours show 

better wear resistance than the solution treated counterpart. The decrease in wear 

resistance of alloy A after ageing for 5 hours compared to the solution treated 

condition is less than 2 hour aged condition. The wear performance of alloy E after 

ageing at 11 OO°C for 2 hours was inferior to all of the other alloys, except for alloy H 

after ageing for two hours. Thus the improved tensile strength of alloy E as a 

consequence of ageing at 1100°C for two hours did not improve the wear 

performance of the steel. None of the specimens represented on the chart showed 

better wear performance as a consequence of precipitate formation when compared 

to alloy C in the solution treated condition. 

4.2.4 SUMMARY: AGEING TREATMENTS AT 1100°C 

The results of ageing treatments at 11 OO°C show that the type of precipitation reaction 

that occurs at this temperature is dependent on the niobium and vanadium balance in 

the alloy. No precipitation is observed in alloy C after ageing at 11 OO°C, thus any 

precipitation reaction at this temperature is the result of niobium and vanadium 

additions. MX precipitates are observed in alloy D, as a result of niobium additions, 

whereas M 2X precipitates are observed in alloy E as a result of vanadium additions. 

Combined additions result in either the formation of MX precipitates or M 2X 

precipitates. M 2X precipitation is observed in alloys B, F and G, while MX 

precipitates are observed in alloys A, D and H. The M 2X precipitate that forms in 

alloys B, E, F and G is typical of chromium nitrides that form in high nitrogen steels 

but is rich in both chromium and vanadium. These precipitates have formed 

discontinuously during the initial stages of precipitate formation, but after extended 

exposure at 1100°C, the precipitation mode changes from discontinuous to 

continuous. 
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The experimental results can be summarised with the aid of figure 4.2.31, which 

shows a map of the phase stability observed for the eight alloys. The tie I ines that 

have been drawn in red are simply estimates based on experimental observations, as 

are the red labels for the phase fields bounded by the tie lines. The positions of the tie 

lines by no means suggest absolute positions for these tie lines. Figure 4.2.31 simply 

serves to map out the precipitation reactions that are observed in the eight high 

nitrogen steel alloys on ageing at 11 OO°c. 

1.0 
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0.9 

0.8 

~ 0.7 
B 

(tJ 
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t.: 0.5 Q) 
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~ 0.4 .... 
J::: 
.~ 0.3 
~ 0.2 H 
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0 0.2 0.4 0.6 0.8 1.0 
Weight Percent Niobium 

Fig. 4.2.31 Map of the phase stability in the eight high nitrogen steel alloys based on the experimental 
results. 

MzX precipitates and MX precipitates affect the mechanical properties differently. MX 

precipitates have resulted in some strengthening, and it has been shown that the 

degree of strengthening is dependent on ageing time for all three alloys A, D and H. 

MzX precipitation has also resulted in strengthening, as observed in alloy E. The wear 

performance of alloy E was however the poorest of all the alloys. The formation of 

MX precipitates shows some potential for improved wear performance. 
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4.3 AGEING TREATMENTS AT 1000°C 

All eight alloys were first solution treated as described in section 4.1 and then aged 

at 1000°C for various times and water quenched. Discontinuous cellular 

precipitation of lamellae, similar to that observed at 11 OO°C, was common to all of 

the alloys, except alloy D after ageing treatments at this temperature. The purpose 

of an investigation of the microstructural evolution in the eight high nitrogen steel 

alloys at 1000°C is to characterise the influence of niobium and vanadium 

additions on the discontinuous cellular precipitation reaction. An investigation of 

the nucleation and growth characteristics of discontinuous cellular precipitation in 

the current system is discussed. Finally, the influence of this form of precipitation 

on the mechanical properties is evaluated. 

4.3.1 ISOPLETH DIAGRAM 

The isopleth diagram generated by Thermocalc for a base composition of Fe-24 

wt%Cr-18 wt%Mn-1 wt%N-0.1 wt%C- 0.5 wt%Si at 1000°C is shown in figure 

4.3.1. The diagram maps out the phase stability expected for the system at 1000°C 

as a function of niobium and vanadium content. Thermocalc predicts that alloy C 

(the base composition) should contain austenite and M 2X precipitates at 1000°C. 

Thermocalc predicts that the addition of niobium and vanadium causes MX 

precipitates to be stable in alloys A, B, E, F, G and Hat 1000°C together with M 2X 

precipitates, austenite and ferrite. Different behaviour is predicted for alloy D: no 

M 2X precipitation is predicted to form in alloy D, but only MX precipitates together 

with austenite and ferrite. Examination of the change in phase stability along the 

niobium and vanadium axes of the isopleth diagram reveals the predicted 

influence of niobium and vanadium on the different precipitate phases observed at 

this temperature. Increased levels of niobium to the base composition are 

predicted to suppress the M 2X precipitate phase and at levels greater than 0.3 wt% 

only MX precipitates are predicted to occur. As the vanadium levels are increased 

in the base composition, the M 2X phase remains stable and MX precipitates 
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become stable at levels greater than 0.4 wt% together with the M 2X precipitate 

phase. 

1.0 
E 

0.9 

0.8 
E 0.7 ~ 
't5 
cu 
t::: 0.6 
~ ..... 

0.5 t::: 
Q) 

~ 
Q) 0.4 Q ..... 

..c: 

.Q> 0.3 
Q) 

$ 0.2 

0.1 

0 

A 0 

B 

Austenite, Ferrite, 
MX Ppts, M2X Ppts 

Austenite, Ferrite, M2X Ppts 

F 

Austenite, Ferrite, MX Ppts 

G 

Austenitt!MX Ppts, 
M2X Ppts 

0.2 0.4 

A 

0.6 

Austenite, 
MX Ppts, 

0.8 
Weight Percent Niobium 

o 
1.0 

Fig. 4.3. 1 Isopleth diagram for the high nitrogen steel alloys at 7 000 'C, showing the phase 
balance in each of the eight alloys as a function of niobium and vanadium level. 
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Fig. 4.3.2 (a) 

(c) 

, , ...... "-t'-: .. ,. 
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Alloy A - O.62wt%Nb;0.45wt%V " ,; 200 JlITl 

(e) 

Alloy B - O. 29wt%Nb;O. 75wt% V 

(g) 

(b) 

(d) 

• .. • 

I I 
Alloy A - O. 62wt%Nb;O. 45wt% V . , 25 JlfTl 
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~, ~: 
" ' ,.< 

Alloy G - O.29wt%Nb;0.47wt%V· -

•• t.). •••• ,-. ~ . .. '. . ... -. 
• ~ ~ .' # . , 

. -'_ .J .. , ,. '-~. \ " 
.~, ~." "lie' 

Alloy H - 0.40wt%Nb;O.22wt%V 

:;J ... 
.... 

• 
G - O.29wt%Nb;0.47wt% V 

, , . ... .. 

Alloy H - 0.4wt%Nb;O.22wt%V 

(m) 

153 

.. . 

(n) 

Fig. 4.3.2 (a)-(n) Alloys C, E, A, 8, F, G & H after ageing at 1000<C for two hours, showing that 
discontinuous cellular precipitation is observed all these alloy and that the volume fraction is 
greatest in alloy E, followed by alloy C and then alloys A, 8, F, G and H . 

The influence of niobium addition on the microstructure of the high nitrogen steel 

alloys after ageing at 1000°C is shown in figures 4.3.3 (a) and (b). No lamellar 

precipitates are observed in alloy D, where instead fine spheroidal precipitates 

have formed and are better imaged in the TEM. Ferrite islands are observed in 

alloy D in the austenite and there is evidence the ferrite islands decomposed 
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during ageing at 1000°e. Figure 4.3.4 shows a TEM micrograph of fine spheroidal 

precipitates that have formed both on the grain boundary and within the grain In 

alloy D after ageing for two hours at 1000°e. 

(b) 

Fig. 4.3.3 (a) & (b) The microstructure of alloy 0 after ageing for two hours at 7 000 CC showing the 
absence of lamellar precipitates and the decomposition of ferrite which occurred during ageing. 

Alloy 0 - 1. 17wt%Nb;O.11wt%V 

Fig. 4.3.4 

Fig. 4.3.4 TEM micrograph of alloy 0 after ageing for two hours at 7000 CC showing the fine 
spheroidal precipitates that have nucleated on the grain boundary and within the grains. 
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In order to establish whether or not discontinuous cellular precipitation would 

form in alloy D after extended ageing at 1000°C, alloy D was aged for 5, 10 and 

100 hours at this temperature. After the 100 hour ageing treatment, no lamellar 

precipitation was observed and the fine precipitates observed after two hours of 

ageing had simply grown as shown in figure 4.3.5. 

Fig 4.3 .5 The microstructure of alloy 0 after ageing for 700 hours at 7000 'C showing the absence 
of lamellar precipitates and exaggerated precipitation of fine precipitates in the austenite and on 
the austenite/ferrite boundaries. 

The other seven alloys were also aged for longer times to determine the effect of 

prolonged ageing on the nature of the discontinuous cellular reaction. During 

prolonged ageing of alloys A, B, F, G and H at 1000°C, the discontinuous cellular 

precipitation of lamellae stopped and plate-like precipitates formed continuously 

in the untransformed matrix as shown in figures 4.3.6 (a)-(e). In alloys B, F and G, 

the discontinuous reaction stopped between 5 and 10 hours, whereas in alloys A 

and H the reaction stopped between 10 and 100 hours. 

Fig. 4.3.6 (a) (b) 



Univ
ers

ity
 of

 C
ap

e T
ow

n

CHAPTER 4 RESUL TS - AGEING TREA TMENTS AT 1000 'C 156 

Fig. 4.3.6 (a)-(e) Alloys A, B, F, C & H after ageing at 1000 'C for 100 hours showing the presence 
of both lamellar precipitates and continuous precipitates that have a plate-like structure. 

In contrast to alloys A, B, F G and H, the discontinuous cellular precipitation 

reaction did not stop in alloys C and E, even after 100 hours of ageing at 1000°e. 

This was evidenced by the formation of new precipitate cells with a wider 

interlamellar spacing in the original precipitate cell; the new cells nucleated and 

grew on the original precipitate cell boundaries. The results of 100 hour ageing 

treatments on alloys C and E are shown in figures 4.3.7 (a) and (b). The re­

nucleation of new precipitate cells during prolonged ageing is more prolific in 

alloy E than in alloy e. 
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Alloy C - O. 04wt%Nb;O. 20wt% V 1 ~m 

Fig. 4.3.8 (a) 

Alloy E - O.04wt%Nb;1.18wt%V 500 nm 

(b) 
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Alloy B - O. 29wt%Nb;O. 75wt% V 500nm 

(c) 

Alloy B - O. 29wt%Nb;O. 75wt% V 

(d) 

Fig. 4.3.8 TEM micrographs of alloys C, E and 8, showing (a) and (b), the discontinuous lamellar 
precipitates in alloys C and E respectively and (c) the discontinuous lamellar precipitates in alloy 8, 
(d) the continuous plate-like precipitates in alloy 8 



Univ
ers

ity
 of

 C
ap

e T
ow

n

CHAPTER 4 RESUL TS - AGEING TREA TMENTS AT 1000 "C 160 

4.3.2.2 COMPOSITIONAL AND CRYSTALLOGRAPHIC ANALYSIS 

Compositional analysis and electron diffraction studies of the lamellar precipitates 

in alloy C and E were conducted to determine the identity of the precipitates. The 

results from alloy E were compared with alloy C to determine the influence of 

vanadium on the composition and crystallography of the lamellar precipitates in 

this alloy system. The same analysis was completed on alloy B to determine the 

effect of both niobium and vanadium additions on the characteristics of the 

precipitates. Further, the plate-like precipitates in alloy B were also identified in 

the same way to determine if they had the same composition and crystal structure 

as the lamellae in alloy B. 

Figure 4.3.9 (a) shows a backscattered electron image of the lamellar precipitates 

in alloy C and the x-ray maps that follow in figures 4.3.9 (b) and (c) show that the 

lamellae are rich in chromium and depleted in iron. Likewise, the lamellae in 

alloy E are rich in chromium and are depleted in iron, but are also rich in 

vanadium. These maps are shown in figures 4.3.10 (b)-(d), together with the 

backscattered image of the precipitate lamellae in figure 4.3.10 (a). 

_ I L-...J 
O.05wt%Nb;O.2wt%V 500 nm 

Fig. 4.3.9 (a) (b) (c) 

Fig. 4.3.9 (a) SEM (backscattered electron) image of the lamellar precipitates in alloy C after 
ageing at 1000 "C for two hours, showing the field of view form which the x-ray maps were taken, 
together with the x-ray maps for (b) chromium and (c) iron, showing that the lamellae are rich in 
chromium, but depleted in iron. 
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Alloy E - '-----I 
O.04wfOfi,Nb;1.1Bwt% 300 nm 

Fig. 4.3.10 (a) (b) 

161 

(c) 

(d) 

Fig. 4.3.10 (a) SEM (backscattered electron) image of the lamellar precipitates in alloy E after 
ageing at 1000 "C for two hours, showing the field of view from which the maps were taken 
together with the x-ray maps for (b) vanadium, (c) chromium and (d) iron, showing that the 
lamellae are rich in vanadium and chromium, but depleted in iron. 

The x-ray maps taken from a lamellar colony in alloy B also show that these 

precipitates are rich in vanadium and chromium and depleted in iron. Figure 

4.3. i 0 (a) shows the backscattered electron image of the lamellar colony together 

with the maps for chromium, vanadium and iron. The same analysis was 

completed on the plate-like precipitates in alloy B, which showed that they have a 

similar composition to the lamellar precipitates. This is shown in the series of x­

ray maps for these precipitates in figures 4.3.11 (b)-(c) together with the 

backscattered electron image of the plate-like precipitates in figure 4.3.11 (a). 
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Fig. 4.3.11 (a) (b) (c) 

(d) 

Fig. 4.3.11 (a) SEM (backscattered electron) image of the lamellar precipitates in al/oy 8 showing 
the field of view from which the x-ray maps were taken, together with the x-ray maps for (b) 
vanadium, (c) chromium and (d) iron, showing that the precipitates are rich in vanadium and 
chromium and depleted in iron. 
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Fig. 4.3.12 (a) (b) (c) 

(d) 

FigA.3.12 (a) SEM (backscattered electron) image of the plate-like precipitates in alloy B after 
ageing at 1000 'C for two hours, showing the field of view from which the x-ray maps were taken 
together with the x-ray maps for (b) vanadium, (c) chromium and (d) iron, showing that the 
lamellae are rich in vanadium and chromium, and depleted in iron. 

The results from the x-ray maps indicate that the lamellar precipitates in alloys E 

and B and the plate-I ike precipitates that formed continuously in alloy B have the 

same compositional characteristics. Further, it is expected from the morphology of 

the precipitates, that the lamellae in alloy C are the same type of precipitate as 

those in alloys E and B. Electron diffraction studies were completed on the four 

different precipitates represented in the x-ray maps (figures 4.3.9-4.3.12) to 

determine if they had the same crystal structure, and hence confirm that they are in 

fact the same precipitate type. 

Figure 4.3.13 (a) shows the selected area diffraction (SAD) pattern taken from a 

region including austenite and a precipitate lamella in alloy C and is representative 

of the [1-10] austenite zone axis. The extra reflections in this diffraction pattern 

originate from the precipitate lamella. Similarly, figure 4.3.13 (b) shows the [11-2] 

austenite zone axis, with extra reflections just inside the matrix spots, which also 
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originate from the precipitate. The [11-2] austenite zone axis pattern also shows 

extra reflections for the precipitate lamella in alloy C. Figure 4.3.14 (a) shows the 

[1-10] austenite zone axis pattern taken from a region including a precipitate 

lamella and the austenite matrix where reflections for both phases can be seen. 

Figure 4.3.14 (b) shows a CBED pattern for the [1-210] zone axis pattern for the 

precipitate, when the beam diameter is reduced and focussed onto the specimen. 

Figure 4.3.14 (c) shows the [11-2] zone axis for the austenite in alloy E and 

contains extra reflections from the precipitate lamella as well as superlattice 

reflections similar to those shown in figure 4.2.13 (d). 

Fig. 4.3.13 (a) (b) 

Fig. 4.3.13 SAD patterns taken from the precipitate lamellae in alloy C (O.04wt%Nb;O.2wt% V) 
showing (a) the pattern for the {1-1O] austenite zone axis showing extra reflections or the 
precipitate that correspond to the {1-21O] HCP zone axis, (b) the pattern for the {11-2] austenite 
zone axis showing extra reflections for the precipitate that correspond to the {1 0-1 0] zone axis for 
the HCP system. 
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(b) 

Fig. 4.3.74 Diffraction patterns taken from the precIpitate lamellae in alloy E 
(0. 04wt% Nb; 1. 18wt% V) showing (a) SAD pattern for the [7-70] austenite zone axis, showing extra 
reflections for the precipitate which correspond to the [7 -270] HCP zone axis, (b) CBED pattern 
taken directly from the precipitate showing reflection for the [7 -270] zone axis for the HCP system, 
(c) SAD pattern for the [77-2] austenite zone axis showing extra reflections that correspond to the 
[70-70] HCP zone axis and superlattice reflections. 

Figures 4.3.15 (a)-(c) show a similar set of diffraction patterns taken from the 

lamellar colonies in alloy B, and figures 4.3.16 (a)-(c) show the diffraction patterns 

taken from the plate-like precipitates in alloy B. The sets of diffraction patterns 

shown in figures 4.3.13-4.3.16 are similar to those that were recorded for the 

lamellae in alloy E after ageing at 11 OocC, and can be indexed in the same way as 

shown in the schematics in figure 4.2.14 (a) & (b). Thus the analysis that was 

applied to the diffraction patterns taken from the precipitate lamellae in alloy E 

after ageing at 1100C C was also applied to the diffraction patterns shown in figures 

4.3.13-4.3.16. This analysis shows that the lamellae that formed discontinuously 

in alloys C and E have an HCP crystal structure with the orientation relationship 
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Fig. 4.3.76 (a) (b) 

(c) 

Fig. 4.3.76 Diffraction patterns taken from the plate-like continuous preCipitates in alloy B 
(O.29wt%Nbi0.7Swt% V) showing (a) reflections for the [7 -70J austenite zone axis together with 
extra reflections for the [7-27 OJ HCP system from the precipitate, (b) CBED pattern taken from the 
precipitate showing the [7-27 OJ HCP zone axis & (c) reflections for the [7 7-2J austenite zone axis 
together with extra reflections for the precipitate corresponding to the [70-7 OJ zone axis. 

The lattice parameters for the precipitates in alloys C, E and B were also calculated 

from the zone axis diffraction patterns using the same analysis shown in figures 

4.2.14 (a)-(c) and is shown in table 4.3.1. The published values41 are also given for 

pure vanadium nitride (V2N) and chromium nitride (Cr2N) in table 4.3.1. The 

lattice parameter values for the precipitates are in good agreement with the 

pub I ished val ues. 
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Table 4.3.1 Lattice parameters for the precipitates in alloy B, C and E after 

ageing at 1000 'C together with the published values for Cr2N 
and V2N "after Goldschmidt 

., ........................................................................ , •.•...• , •.•...•.•.•.•.•.•.•.•.•.•.•....... '"'", ................ , •.•.•.•.•.•.•.............................•.•.•.•.•.. ..;-.... '-•...•.........•...•..... •·•·•·•·•·•·•·•·•·• .. ·• ... ·0·'-····················· 

A (A) C (A) 
......................................................................... .• .......................•......•.....•..••••••.••••..••........ 

Chromium Nitride (Cr ~r 2.75 4.44 

Vanadium Nitride (V~r 2.82 4.54 

Alloy C (lamellae) - [1-21 OJ 2.63 4.52 

Alloy C (lamellae) - [10-1 OJ 2.78 4.75 

Alloy E (lamellae) - [1-21 OJ 2.74 4.40 

Alloy E (lamellae) - [10-1 OJ 2.84 4.67 

Alloy B(lamellae) - [1-21 OJ 2.81 4.81 

Alloy B(lamellae) - [10-1 OJ 2.81 4.52 

Alloy B(continuous) - [1-2 70J 2.85 4.62 

Alloy B(continuous) - [10-1 OJ 2.85 4.62 

X-ray maps of the fine precipitates in alloy D show that they are rich in niobium. 

Comparison with precipitates of a similar morphology that formed in alloy Dafter 

ageing at 11 OO°C shows that the fine precipitates in alloy D after ageing at 1000 °C 

are also MX precipitates rich in niobium. Figure 4.3.17 (a) shows the 

backscattered image of these precipitates in alloy D on a grain boundary and 

figures 4.3.17 (b) and (c) show the x-ray maps for these fine precipitates. 

Fig. 4.3.17 (a) (b) (c) 

Fig. 4.3.17 (a) SEM (backscattered electron) image of the fine precipitates that have nucleated on a 
grain boundary during ageing at 1000 'C, showing the field of view from which the x-ray maps 
were taken, together with the x-ray maps for (b) niobium and (c) iron showing that the precipitates 
are rich in niobium and depleted in iron. 
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There are some differences between the experimental results and the predictions 

that were made by Thermocalc for the eight alloys at 1000°C. Ferrite was on Iy 

observed in alloy 0, but was predicted in alloys A, B, 0, E, F, G and H and the 

reason for this discrepancy is given in section 3.2.7. M 2X precipitation was 

observed in all the alloys except alloy 0, where instead MX precipitation was 

observed as predicted by Thermocalc. MX precipitates were predicted to form 

together with the M 2X phase in alloys A, B, E, F, G and H but were not detected. 

These precipitates might have been present, but were possibly very fine and 

therefore not easi Iy detected. 

4.3.3 THE NUCLEATION AND GROWTH OF DISCONTINUOUS CElLULAR PRECIPITATION 

Electron backscatter diffraction (EBSO) techniques were used to obtain an 

orientation map of the austenite within the precipitate cells in relation to the 

surrounding austenite matrix. No attempts were made to index the precipitates 

themselves since it was the relative orientation of the austenite within the cells and 

adjacent grains that was of interest. The purpose of orientation mapping was to 

understand the growth mechanisms of the precipitate colonies. Figure 4.3.18 (a) is 

an electron-backscattered image of alloy C showing a similar field of view that was 

selected for orientation mapping. The image shows three features, marked (i), (ii) 

and (iii) in the image, and will be discussed individually. 

The feature marked (i) shows two precipitate colonies, side by side that have 

originated at the grain boundary. The formation of these two colonies have 

possibly followed a sequence shown in figure 4.3.18 (b). Before the formation of 

the discontinuous precipitate cell, precipitates nucleate on the grain boundary, as 

shown in figure 4.3.18 (b)(1). After some time the boundary begins to bow round 

the precipitates as shown in figure 4.3.18 (b)(2). As the boundary bows between 

the precipitates, the grain into which the boundary migrates is consumed by a 

developing precipitate cell colony. The orientation of the cell colony behind the 

migrating boundary takes on the orientation of the grain from which it is growing. 

After further growth, shown in figure 4.3.18 (b)(3), the colonies grow further and 
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begin to impinge on one another, until finally in figure 4.3.18 (b)(4) a so called 

double seam develops. 

Alloy C - O.04wfO/ONb;O.2wt%V 

Fig. 4.3.18 (a) Electron backscattered image of the field of view from which the orientation map 
shown in figure 4.3.18 (c) was acquired. 

/ (----

/ \ , I 
/ ) 

/ ( 
/ 

~~ r5J(3) ( / 
/ 

/ (1 ) \ (2) (4) 

Fig 4.3.18 (b) Schematic diagrams showing the development of the double seam marked (i) in 
figure 4.3. 18 (a). 

The schematic diagrams show how the orientation of the austenite within the 

precipitate cells marked (i) in figure 4.3.18 (a) has developed from the parent 

grains. Figure 4.3.18 (c) shows the orientation map that was acqui red from the 

field of view shown in figure 4.3.18 (a). The orientation map illustrates different 

orientations in Euler space in different colours, thus like orientations are 

represented by the same colour. The relationship between the orientation of the 

precipitate colonies in (i) and the parent grains either side of the double seam is 

more clearly seen in the orientation map. 
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Fig. 4.3.18 (c) Orientation map for a similar field of view in (a) showing the relative orientations of 
the austenite within the precipitate cells compared to the parent grains. 

The feature marked (ij) in figure 4.3.18 (a) can be seen more clearly in figure 

4.3.18 (c). The possible evolution of this feature is shown in the series of 

schematics in figure 4.3.18 (d). Before the development of the precipitate cell 

colony, precipitates nucleate on the grain boundary (figure 4.3.18 (d}(1». After 

some time the boundary bows out into the grain in the left hand side and the 

austenite in the precipitate colony takes on the orientation of the grain on the right 

hand side (figures 4.3.18 (d}(2) & (3». Thus the precipitate colony takes on the 

orientation of the grain from which it is growing. This effect is more clearly shown 

in the orientation map in figure 4.3.18 (c), where the austenite in the precipitate 

colony is coloured dark blue, the same as the grain from which the colony 

originated. 

(1) 

\ '. 

High angle 
boundary 

''\ (2) 

Low angle 
boundary 

•.•.•..........•.••................ . / 
(3) 

Fig. 4.3.18 (d) Schematic showing the evolution of the feature marked (ii) in figures 4.3.18 (a) 

and (c) 
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TEM studies of a similar precipitate colony show that the position where 

nucleation of the grain boundary precipitates occurred, marked by the arrow in 

figure 4.3.18 (d)(3) is decorated by a series of dislocations and is shown in figure 

4.3.19 (a). Misorientation measurements across this boundary show that the 

dislocations mark a low angle grain boundary. The opposite side of the precipitate 

colony in figure 4.3.19 (a) was also imaged in the TEM and is shown in figure 

4.3.19 (b). This micrograph shows that the precipitates grow behind a high angle 

grain boundary. This was confirmed by misorientation measurements across the 

boundary marked by the arrow on the left hand side in figure 4.3.18 (d)(3). These 

results show that as the migration front moves into an adjacent grain, the 

precipitate colony possesses the same orientation as the parent grain, leaving 

behind a low angle boundary. The migration front thus maintains the 

misorientation of the grain boundary where nucleation of the precipitate colony 

occurred. 
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Alloy C - O. 04wt%Nb;O. 20wt% V 

Fig. 4.3. 79 (a) 

Alloy C - O. 04wt%Nb;O. 20wt% V 500 nm 

(b) 

Fig. 4.3. 79 TEM micrographs of alloy C after ageing at 7 000 'C for 7 a minutes showing, (a) a low 
angle boundary at the original position of the migration front where nucleation of the 
discontinuous precipitates occurred, (b) the high angle grain boundary or migration front with 
precipitate lamellae following. 
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(\1 

Fig. 4.3.20 (a) 

Alloy C - O.04wt%Nb;O. 20wt% V 
(b) 

Fig. 4.3.20 (a) Image showing high angle boundaries and twin boundaries for the field of view 
represented by figure 4.3.18 (a) of alloy ( after ageing at 1000 'C for 2 hours and (b) the presence 
of twins within the precipitate cells in alloy ( after ageing for 10 hours at 1000 'C. 

These results show that twin boundaries form within the precipitate colonies 

during the discontinuous precipitation reaction. It was not clear from these resu Its 

if the twins in the precipitate colonies originated from boundary migration 

associated with the discontinuous reaction. In order to understand more about 

twin formation in the current system, specimens of alloy C in the solution treated 

condition were cold rolled in the laboratory to introduce deformation into the 

austenite. Specimens were cold rolled in the solution treated condition because 

alloy C is fully austenitic in this condition. Following cold rolling two specimens 

were annealed at 1100°C for 10 minutes and 30 minutes respectively. 
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Investigation of the microstructure of the specimen annealed for 1 0 minutes 

showed the degree of twin formation that resulted from recrystallisation and thus 

dislocation annihilation. The specimen annealed for 30 minutes showed the effect 

of grain growth on twin formation, since a fully recrystallised structure was 

obtained after annealing for 10 minutes, thus a further 20 minutes at 11000 e 
allowed the recrystallised grains to grow. A temperature of 11 oooe was chosen for 

annealing treatments to avoid the formation of discontinuous cellular precipitates 

observed at 10000 e and 800°e. A qualitative description of the twin density per 

unit area of these two samples is shown in figure 4.3.21 (a) and (b). The figures 

were generated from orientation maps that were acquired using EBSD techniques 

in the same way as figure 4.3.20 (a) was generated from figure 4.3.18 (c). The 

results show that the twin density per unit area after ageing for 10 minutes (figure 

4.3.21 (a)) is greater than after ageing for 30 minutes (figure 4.3.21 (b)). This 

shows that twin formation originates from recrystallisation rather than from grain 

growth. 
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Fig 4.3.21 (a) (b) 

Fig. 4.3.21 Alloy C after cold rolling and annealing at 1100 'C for (a) 10 minutes and (b) 30 
minutes, showing the high angle boundaries in black and the twin boundaries in red and that the 
twin density is greater after 10 minutes of annealing than after 30 minutes. 
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Fig 4.3.22 (a) 

Fig.4.3.22 alloy C after ageing at 1000 "C for (a) 7 a minutes and (b) 7 a hours showing the special 
2:3 twin boundaries in red and the high angle boundaries in black. These figures show that the 
twin density within the precipitate colonies decreases with precipitate cell growth. 

Figure 4.3.23 shows a TEM micrograph of alloy E after ageing at 1000°C for two 

hours. The micrograph shows that stacking faults have formed in the austenite 

between the precipitate lamellae. In addition to stacking faults, dislocations are 

also observed between precipitate lamellae within the austenite in the 

discontinuous precipitate cell colonies. These features might account for the 
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Fig. 4.3.25 Tensile test curves for alloys A, C, 0, E & H after ageing for two hours at 1000 'C 
together with the curve for alloy C in the solution treated condition for comparative purposes. 

Table 4.3.2 Tensile properties of alloys A, C, 0, E & H, including alloy C in the solution treated 
condition for comparative purposes. 

Alloy 

C 

Solution Treated 

A 

C 

D 

E 

H 

Yield 

Strength(MPa) 

548 

746 

715 

638 

816 

739 

Ultimate Tensile 

Strength (MPa) 

889 

988 

906 

906 

1017 

823 

Total Bongation 

to Failure (%) 

67 

23 

15 

37 

19 

11 

Plastic Bongation 

to Failure (%) 

63 

18 

12 

33 

14 

6 
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Figure 4.3.26 Map of the phase stability of the eight high nitrogen steel alloys based on 
experimental results. 

An investigation of the discontinuous precipitate cell characteristics shows that the 

precipitate lamellae grow behind a migrating high angle boundary, and as the cell 

expands, it keeps the orientation of the grain from which it originated. Twins, 

stacking faults and dislocations were often observed within the precipitate 

lamellae. A study of twin formation during grain growth was conducted to explain 

the origin of twins during precipitate cell growth. In addition, an investigation of 

the nucleation characteristics of the precipitate lamellae and discontinuous cells 

reveals that the boundary on which grain boundary allotriomorphs grow bows 

between the precipitates during nucleation. 

The formation of M1X precipitates, regardless of the volume fraction, resulted in a 

significant decrease in the elongation to failure of the alloys. M1X precipitation 

should therefore be avoided for improved wear performance. 
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4.4 AGEING TREATMENTS AT 800°C 

Ageing treatments at 800°C were conducted on each of the eight alloys following the 

solution treatment described in section 4.1, and after each ageing treatment the alloys 

were water quenched to freeze in the high temperature structure for further analysis. 

Lamellar precipitation was observed to form discontinuously in all of the alloys after 

ageing treatments at 800°C. The effect of niobium and vanadium levels on the 

formation of discontinuous cellular precipitates at 800°C is investigated in this 

section. In addition, twin formation within the precipitate cells is investigated and the 

nucleation characteristics of the precipitate cells at 800°C is studied. Finally the 

influence of ageing treatments at 800°C on the mechanical properties is characterised. 

4.4.1 ISOPLETH DIAGRAM 

The isopleth diagram for the high nitrogen steel alloys at 800°C in figure 4.4.1 is 

relatively simple, with only one tie line, which indicates where the ferrite phase 

appears at higher levels of both niobium and vanadium. Thermocalc predicts that 

alloy C should contain M 2X precipitates, M 23C6 precipitates and sigma phase in an 

austenite matrix. Alloys A, B, D, E, F, G and H are predicted to contain all of the 

phases that are stable in alloy C, as well as ferrite. Thermocalc predicts two phases to 

be stable at this temperature that are not stable at other ageing temperatures, viz. 

sigma phase and M 23 (CN)6. 
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Fig. 4.4.1 Isopleth Diagram for the high nitrogen steel alloys for 800 "C, showing the phase balance in 
each of the eight alloys as a function of niobium and vanadium levels. 
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Alloy C - O.04wt%Nb;O.20wt%V 500nm 

Fig. 4.4.3(a) 

Alloy E - O.04wt%Nb;1.18wt%V 

(b) 

Fig. 4.4.3 TEM micrographs of the lamellar precipitates in (a) alloy C and (b) alloy E after ageing for 
two hours at 800 'C, showing that the interlamellar spacing in alloy E is finer than in alloy C. 
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B, F, C & H after for two hours at 800 "C: that discontinuous 
cellular precipitation of lamellar precipitates has occurred in all of the alloys. 
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4.4.2.2 COMPOSITIONAL AND CRYSTALLOGRAPHIC ANALYSIS 

Attempts were made to carry out compositional analysis of the lamellar precipitates in 

alloy C and in alloy E, using x-ray mapping techniques. The same success that was 

achieved for the analysis of the lamellae in various alloys after ageing at 1000 DC and 

1100DC could not be achieved since the interlamellar spacing after ageing at 800 DC 

was too small. In addition the lamellae themselves were too fine for the resolution of 

the x-ray mapping technique. Some success however was achieved for alloy C, but 

only the chromium map showed any change in concentration across the field of view. 

The backscattered electron image of the field of view from which the x-ray map was 

taken is shown in figure 4.4.6 (a). The image shows colonies of precipitate cells and 

sigma phase (the bright phase) on the boundary of the precipitate cell. The x-ray map 

of this field of view for chromium is shown in figure 4.4.6 (b) and shows that sigma 

phase is chromium rich and the lamellar precipitates, which are just visible in the map 

are also chromium rich. 

Fig. 4.4.6 (a) (b) 

Fig.4.4.6 (a) 5EM (back scattered electrons) image of a precipitate cell in alloy C after ageing for two 
hours at 800 "C. The precipitate lamellae can be seen together with sigma phase, which appears as the 
bright phase. (b) Hay map for chromium showing that the precipitate lamellae and the sigma phase 
are rich in chromium. 

The extent of sigma phase formation is illustrated by the lower magnification 

backscattered image of alloy C, shown in figure 4.4.7 (a). The influence of vanadium 
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Electron diffraction studies confirmed that the bright phase in the backscattered 

electron images in figures 4.4.6 (a) and 4.4.7 (a) and (b) is sigma phase. Diffraction 

patterns were taken from the sigma phase in alloy C and in alloy E to determine if the 

alloy composition had any effect on the crystallography of sigma phase. Figures 4.4.8 

(a)-(d) show convergent beam electron diffraction (CBED) patterns of this phase taken 

from alloys C and E and the indexing of these patterns is shown in the schematics in 

figures 4.4.9 (a)-(d). From this analysis the lattice parameter values were determined 

for sigma phase in alloy C and alloy E and these values are shown in table 4.4.1. 

Fig. 4.4.B (a) (b) 

• .... • 
• • • • • 
• '4i' •• ,~ • 
• • • • • 
• .... ~ • 

(c) (d) 

Fig. 4.4.B CBED patterns for the sigma phase in (a) & (b) alloy C (0.04wt%Nb;0.2wt% V) showing the 
reflections for the [021 J and [001 J zone axes for the tetragonal system respectively and (c) & (d) alloy f 
(0. 04wt%Nb; 1. 18wt% V) showing reflections for the {103J and {100J zone axes for the tetragonal 
system respectively. 
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Fig. 4.4.9 (a) (b) 
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(c) (d) 

Fig. 4.4.9 Indexing of the CBED patterns taken from sigma phase in (a) & (b) alloy C for the [021] 
and [00 1] zone axes for the tetragonal system and (c) & (d) alloy E for the [103] and [100] zone axes 
respectively. 

Table 4.4.1 Lattice parameters calculated for sigma phase in alloys C and E, 
from the diffraction patterns shown above together with the 
published values for sigma phase40 

• 

............. ' .• , •.•.•...........•.. , •.• , .................................................... , ....................... ·•·• .. ·0······,···················,·······,·,···,·····,················6······························,······., ... . 
a (A) c (A) 

Sigma Phase 
. 

8.8 4.4 

Alloy C - [021] 8.7 4.6 

Alloy C - [001] 8.8 

Alloy E - [103] 8.5 5.4 

Alloy E - [001] 7.8 4.8 
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Fig. 4.4.10 (a) (b) 

4.4.10 Diffraction patterns taken from the C 
after for two hours at 800 showing SAD pattern for the [1-1OJ austenite zone 
extra reflections which represent the 10] HCP zone (b) CBED pattern taken 
precipitate lamella showing the reflections for the [1-210J zone axis for the HCP 
pattern for the {11-2J austenite zone axis showing extra reflections that correspond to the [10-1OJ HCP 
zone with reflections. 
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4.4.11 CBED patterns for the lamellae in f 1. 18wt% 
the 10J austenite zone axis pattern, (b) the 10J zone axis for the HCP system and (c) SAD 
for the {11-2] austenite zone axis showing extra reflections that to the [10-1 Hep zone 

together with superlattice reflections. 

Table 4.4.2 Lattice parameter values calculated for the lamellar precipitates in 
alloy C and alloy E together with the values 'after 

Vanadium Nitride 2.82 4.54 

C (lamella) - [7 -21 OJ 2.79 4.62 

C (lamella) - [10-10] 2.82 4.8 

f 10] 2.57 4.71 

f (lamella) - {10-1OJ 2.82 4.66 
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Alloy C - O.04wfO/ONb;O.2wfO/o V 1----1 

Fig. 4.4. 12(a) 

, • ..... J 
it&. 

(b) 

Fig.4.4.12 (a) SEM (backscattered electrons) image of alloy C after ageing for 2 hours at 1000 "C, 
showing the of the field of view from which the orientation map was acquired, shown in (b). 

As in the case of ageing treatments at 1 OOO°C of alloy C, the formation of twins within 

the precipitate cells was also observed after ageing alloy C at 800°C. Figure 4.4.13 

shows a figure generated from the orientation information at the same magnification 

as the orientation maps, and marks the high angle grain boundaries in black and the 

special L3 twin boundaries in red. Twin formation is more prolific after ageing at 

800°C than after ageing at 1000° C, which can be seen by comparing figure 4.4.13 

with figure 4.3.17 (a). 
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Fig.4.4.13 Figure showing the number of special E.3 twin boundaries to high angle grain boundaries 
in the field of view from which the orientation map was acquired. 

Finally, the nucleation characteristics of the precipitate lamellae in alloy e were 

investigated by studying samples of alloy e after ageing at BaaDe for 5 and 10 

minutes. Evidence of the 'Pucker' mechanism proposed by Tu and Turnbu11 53
,54 was 

found and is shown in figure 4.4.14. The precipitate has formed in the boundary and 

appears to be pulling the boundary into what Tu and Turnbull called the 'Puckered 

configu ration'. 
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Fig. 4.4.15 Tensile test curves for alloys A, C, 0, E & H after ageing at 800 'C for two hours, together 
with the curve for alloy C in the solution treated condition to highlight the loss of ductility as a 
consequence of ageing. 

Table 4.4.3 

Alloy 

Tensile properties of alloys A, C, 0, E & H after ageing for two hours at 800 'C 
together with the results of alloy C in the solution treated condition (C-O.Ohrs) for 
comparative purposes. 

Yield Strength 

Ultimate Tensile 

Strength 

(MPa) 

Total Elongation to 

failure (%) 

Plastic Elongation 

to failure (%) 
.......................................................................................•..•... ..................................... 

C 

Solution Treated 

A 

C 

D 

E 

H 

548 

742 

633 

755 

800 

739 

889 

786 

700 

861 

805 

828 

67 

9 

7 

10 

6 

10 

63 

4 

2 

5 

3 
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5. DISCUSSION 

The motivation for niobium and vanadium additions to the high nitrogen steel base 

alloy was to cause the precipitation of fine MX precipitates that would strengthen 

the steel for improved wear performance. Few results had been previously 

reported on the influence of niobium and vanadium additions on precipitation 

reactions in high nitrogen steels. The current investigation has shown that the 

addition of niobium and vanadium promotes precipitation reactions that were not 

expected in high nitrogen steels. These include MX precipitates that form on 

ageing and the formation of large blocky MX precipitates during solidification. 

The extent of MX precipitate formation during ageing treatments and during 

solidification is dependent on the niobium and vanadium balance in the alloy. 

Further the addition of niobium and vanadium affect the formation of precipitates 

that are expected in high nitrogen steels, ie chromium nitrides (Cr2N). The 

presence of these precipitates all had some effect on the mechanical behaviour of 

the alloys. The addition of niobium and vanadium to the high nitrogen steel base 

alloy therefore, influenced the mechanical behaviour of the steel through the effect 

of these elements on the precipitation reactions observed in the system. 

The evolution of each form of precipitation observed in the current system is 

discussed, with emphasis on the effect of niobium and vanadium additions on the 

precipitation reaction. In addition, the influence of these precipitation reactions 

on the alloys is discussed with particular reference to the wear performance of the 

steel. Finally, the feasibility of niobium and vanadium additions to the high 

nitrogen steel base alloy is discussed by considering the advantages and 

disadvantages for the addition of each element. 
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5.1 PRECIPITATE fORMATION DURING SOLIDIFICATION 

5.1.1 MICROSTRUCTURAL EVOLUTION 

The addition of niobium to the high nitrogen steel base composition promotes the 

formation of large blocky precipitates during solidification. These precipitates 

form eutectically with the austenite during the final stages of solidification and are 

rich in niobium. The formation of these precipitates is a direct consequence of the 

niobium additions, since these precipitates are not observed in the base alloy, but 

are observed when 1.17 wt% niobium was added to the base alloy (alloy D). 

Vanadium additions of 1.18 wt% alone to the base composition do not result in 

the formation of eutectic precipitates and no blocky precipitates were observed in 

the solution treated condition of alloy E. Although vanadium additions do not 

favour the formation of the blocky precipitates, they do participate in the eutectic 

reaction in the presence of niobium. When niobium and vanadium are both 

added to the base composition, regardless of the levels of each, eutectic 

precipitates are observed and they are rich in both niobium and vanadium. 

Eutectic precipitates in binary alloys usually take on a lamellar morphology, which 

is termed a normal structure and occurs when both phases have low entropies of 

fusion 133. It is possible however, that eutectic phases with an anomalous structure 

form when one of the eutectic phases has a high entropy of fusion and is capable 

of facetting133
• This offers some explanation for the morphology of the eutectic 

precipitates observed in the high nitrogen steel alloys. It must also be considered 

that the current system is a multicomponent system and the behaviour of binary 

alloys during solidification can only be used as a guide to understand mechanisms 

in these more complex systems. The blocky precipitates that are observed in the 

current system do not possess the classic lamellar morphology of eutectic phases 

in binary systems, but this does not exclude the possibility that they have formed 

eutectically. 

The Scheil-Gulliver simulations predict the solidification path of alloys under the 

following conditions: the solid-liquid interface is always at equilibrium, and after 

each step the solid that has formed is removed from the system, thus back diffusion 
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in the solid is in the calculations. One result of employing is 

that the segregation of alloy elements in the liquid may be 

such as chromium, manganese and vanadium m be segregation of 

overesti mated by 

bulk solid from 

element, and 

elements. The 

vanadium are 

lations, since the diffusion of into the 

idified surface is ignored. Niobium however, is a 

would be expected to diffuse more slowly other 

radius iron, chromium, manganese, 

in the table, 

Goldschmidt 

ordi 

that .niobium is 

Goldschmidt radius 

of the atom in an 

of the atom taking into the co-

with FCC packing135. Both values 

the other elements in the system, and vanadium, 

chromium, and iron are all a similar size. The diffusivity of niobium 

and vanadium was in iron, and the calculations show that 1 

the diffusivity of niobium is three times slower than vanadium 134. For this 

Scheil-Gull simulations might not overestimate the segregation of niobium. 

The segregation of alloy during solidification promotes formation of 

eutectic 

Table 5. J.l elements present in the 

(A) (A) 

Iron 1.26 2.57 

Chromium 1.27 2.57 

Manganese 1.30 

Vanadium 1.36 2.71 

Niobium 1.47 2.94 

The formation duri idification of blocky precipitates with an MX 

stoichiometry and an has been reported in Id 

steels99,100,101,112, high "h·,on ... i"n low loy steelsl04.105.108,109,110, supera!loysl0J, 

steels97,98 as well as high In these cases 

have formed eutectically, as a form during solidification together with 
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ite, and it has been shown that niobium strongly favour the 

Iy in the presence of nitrogen99,105,108. 

supports the conclusion that the large blocky precin'T~lTCC 

further 

current system are 

niobium additions to the a of an eutectic reaction, favoured by 

by high nitrogen levels associated with n steel alloys 

blocky precipitates in the niobium did 

during a solution at 1300°C for two 

1 not be effective in the Solubility 

as well as product for carbides and nitrides of niobium 

precipitates, have shown that niobium and 

insoluble of these precipitates109,111,112. In case of mixed 

in niobium level in the precipitate causes 

insolubility and nitrogen has the same effectll2 
, Based on the blocky 

precipitates in the cu rrent study are not expected 

ution treatment. The formation of 

during any 

a considerable waste of alloy elements, niobium additions 

were intended solid state precipitation reactions and not reactions 

during 

A was that the precipitation of these blocky 

wou Id remove from sol id sol ution 

this element has when it is in solid solution. Calcu 

show that if all um atoms formed MX precipitates in alloy 0.17 

wt%Nb) during idification, the amount of nitrogen that would n in solid 

solution would 

The influence 

approximately 0.84 wt%, which is a decrease from 1 wt%. 

niobium has on solid state precipitation reactions shows a 

large amount of niobium remains in solid solution after solidification. a 

significant amount of niobium ns in solid solution after solidification, 

level of n that is as a result of eutectic precipitate formation will 

what was calculated (0.18 wt%). When the same calculation is 

repeated for alloy F, it is that all of the niobium is 
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during eutectic precipitation, then the amount of that would remain 

in id solution is 0.58 wt%, which is a from 0.98 wt%. It is not 

that all of the niobium and vanadium is up during precipitate 

formation during solidification of alloy F. is that there are 

amounts of niobium and ium in solid solution after 

solidification, it is doubtful that in levels calculated for alloy 

F is as as 0.4 wt%. In addition, the volume of blocky precipitates in 

al D is similar to alloy F, which shows that approximately the same amount of 

is removed from solid solution as in loy which is less than 0.18 wt%. 

Since the precipitates that as a result of niobium 

additions do not dissolve during any ution treatment, r 

influence on mechanical Iy Any benefit to 

mechanical properties derived from precipitation reactions during ageing 

treatments, as a result of niobium additions, will superimposed on the influence 

of the blocky precipitates. 

5.1.2 MECHANICAL BEHAVIOUR 

The most significant 

behaviour of the 

toughness was 

blocky MX precipitates on the mechanical 

on the toughness. The Charpy V-notch 

when the vol ume 1"""'/~I"'I"1.n 

as a result of the eutectic 

precipitates was low. Charpy V-notch 

showed that 

toughness of 

a of between 14 

was 10 Joules. In spite 

precipitates on the of the steel, their presence 

the materials' ability plastically deform at low strain 

blocky did not improve the hardness or the yield ct-,,"'u'''T~h 

significantly. In limited effect of the blocky oltCnes on the 

behaviour of their effect on toughness is 

however, have shown that niobium rich eutectics do embrittle 

even 

the 

limit 

steel 

authors 

. The 

formation of pitates is therefore not beneficial, since they reduce the 

considerably without any improvement in <:rn;;"":>1rn 
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The wear of alloys that contain blocky eutectic 

illustrates disadvantage precipitates in the high n 

hard particles, which the 

further 

alloys. 

The blocky precipitates 

should not 

precipi:tates is 

blocky 

plastic work 

Studies of 

during 

deform, it is 

further 

these alloys. 

show work 

able to cut, of the al with blocky 

LU' .. n ... C;u compared to loys C and E, which contain no 

AUoys with blocky precipitates showed a similar capacity for 

alloy C, but abrasion was considerably lower. 

wear surface show that the blocky precipitates microfractured 

wear. 'In alloys having a good capacity plastically 

that the wear debris from the blocky particles pated in 

remova I from 

wear surfaces 

shear 

wear surface, thus increasing wear rate of 

alloys C and E in solution '1" .. 0:0,'1"01'1 condition 

on the abraded which 

superior wear performance 

ability to work harden. 

al C and E is a consequence of 

that the 

materials' 

The formation of blocky .. "'I"~l'l"fi" during as a niobium 

additions, was neither intended nor anticipated. Although the formation of large 

eutectic precipitates did not remove significant amounts of nitrogeh from solid 

solution, and appreciable amounts of niobium vanadium were II lable 

for solid pitate reactions, the current i has shown these 

precipitates no mechanical performance h nitrogen 

al improvement in strength, ned from the formation of 

precipitates during ageing, will be offset by effect of the blocky 

precipitates on toughness wear of the steel. true 

effect of a dispersion on wear 

performance high alloys, as a result of niobium additions, 

cannot be characterised due formation of eutectic during 

solidification. Precipitate forming elements that do not result in large blocky 

precipitates during solidification should be added to high in 

order to form a fine dispersion precipitates ageing. Although vanadium 

does not in the formation of large blocky precipitates on solidification, there 
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are other disadvantages associated with vanadium additions to the high nitrogen 

steel alloy system, discussed in the sections that follow. 

5.2 THE FORMATION OF FINE PRECIPITATES 

5.2.1 MICROSTRUCTURAL EVOLUTION 

The formation of fine precipitates in the range of alloys that were studied is most 

prolific at 1100°C and is largely the result of niobium additions to the base 

composition. Diffraction studies have shown that the fine precipitates have a NaCI 

crystal structure with a cube-cube orientation relationship with the matrix. Such 

precipitates are known to have an MX stoichiometry, where the metallic 

constituent of the precipitate can be a mixture of precipitate forming elements, in 

this case niobium and vanadium41
• These precipitates were observed to nucleate 

on dislocations within the grains and on grain boundaries, resulting in a 

homogeneous distribution of precipitates. After short ageing times the particles are 

approximately 50 nm in size or smaller, but after ageing for longer times the 

precipitates grow to approximately 200 nm, depending on the alloy composition. 

Niobium and vanadium have been added to stainless steels in the past to prevent 

chromium nitride precipitation (Cr2N and M n (CN)6) at high temperatures by 

causing MX precipitates to form preferentially. The addition of niobium to the 

high nitrogen steel base composition has been shown to promote the formation of 

niobium rich MX precipitates. Further, at 1000°C where the formation of M 2X 

lamellae are observed in the base composition, no lamellar precipitation is 

observed in alloy 0, which has the highest niobium level. Thus niobium additions 

of 1.17 wt% to the high nitrogen steel alloy system have successfully stabilised this 

high nitrogen steel alloy against the formation of chromium nitrides at 1000°e. 

The addition of niobium was not as successful at BOO°C, where a small volume 

fraction of lamellar precipitates (compared to alloy C) were observed to form in 

alloy 0 at this temperature. Vanadium additions have the opposite effect to 

niobium on chromium nitride formation in the alloys. Chromium nitride 
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precipitation was not observed to be stable at 11 OO°C in the base composition, but 

vanadium additions favoured the formation of M 2X precipitates at 1100°e. 

Further, at temperatures where this form of precipitation was stable in the base 

composition, vanadium additions enhanced the reaction. Vanadium additions 

therefore did not stabilise the steel against the formation of chromium nitride 

precipitates but rather resulted in exaggerated M 2X precipitation rich in chromium 

and vanadium. 

Chromium nitride precipitates (Cr2N) were expected to form in the high nitrogen 

steel alloys but these precipitates were not expected to be rich in vanadium. 

Other authors have shown some evidence that vanadium participates in chromium 

nitride precipitation. It has however previously been reported that vanadium 

additions to a stainless steel accelerated the formation of M 23(CN)6 and promoted 

the formation of V2C precipitates93
• Chromium nitrides have an M 2X stoichiometry 

and it has been demonstrated that the M constituent of these precipitates can form 

a solid solution of elements with similar size41
• Since V2N and Cr2N possess a 

similar lattice parameter, a mixed (CrV)2N precipitate is feasible. Further 

discussion on the effect of vanadium on stabilisation of the M 2X precipitate outside 

of the temperature range where it is observed in the base composition follows in 

section 5.3.1 

The objective of the niobium and vanadium additions to the high nitrogen steel 

base composition was to promote the formation of fine MX precipitates during 

ageing treatments at elevated temperature. The addition of both niobium and 

vanadium to the current muiticomponent system resulted in two precipitation 

reactions: MX precipitation and M 2X precipitation. These two precipitation 

reactions competed with one another, according to the niobium and vanadium 

balance in the alloy, and this competition was especially evident at 11 OO°e. Two 

extreme conditions are illustrated by the results of ageing treatments at 1100°C on 

alloys D and E and these results show the individual effect of niobium (alloy D) 

and vanadium (alloy E) on precipitate formation in the high nitrogen steel alloys. 

Niobium additions promote the formation of MX precipitates at 1100°C and 
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vanadi um additions promote the formation of M 2X precipitates at 1100ee. 

Combined additions of niobium and vanadium show the influence of either 

niobium or vanadium, depending on the balance of these elements, at 1100ee. 

Since it is the formation of MX precipitates that is required for improved 

mechanical behaviour, the addition of these two elements must be balanced to 

avoid the formation of lamellar M 2X precipitates in the temperature range where 

MX precipitation is expected (1100eC in the current system). The niobium and 

vanadium balance in alloys B, E, F and G did not achieve this objective since M 2X 

lamellae formed at 1100eC in all of these alloys. In contrast, the niobium and 

vanadium additions in alloys A, 0 and H were balanced so that a fine distribution 

of MX particles formed, without any evidence of lamellar precipitation. 

The formation of M 2X precipitates in alloy E after ageing at 1100eC has been 

shown to reduce the wear resistance of the steel considerably. These results are 

shown in figures 4.2.29 and 4.2.30. In contrast, abrasive wear tests on alloys A, 0 

and H containing fine MX precipitates that formed during ageing at 11 ooec show 

some potential for improved wear performance (figures 4.2.28 (a)-(c) and figure 

4.2.30). These results show that in order to produce a homogenous distribution of 

MX precipitates that have the potential to improve wear performance, the 

formation of M 2X precipitates at 1100eC should be avoided. It was considered 

useful therefore to have an index that could determine the role of niobium and 

vanadium on the type of precipitate (M2X or MX) reaction that would occur on 

ageing at 11 ooee. This index could be used in industry to predict the precipitation 

reaction that would occur for various combinations of niobium and vanadium not 

investigated in this project. 

5.2.1.1 INDEX PROPOSED FOR PREDICTION OF PRECIPITATION 

REACTIONS AT 1100 'C 

An index is proposed which is calculated on the basis of the vanadium influence 

on M 2X formation. The equation for the index Win) is given below and is based on 

the microstructural characterisation of the eight high nitrogen steel alloys after 

ageing at 11 ooee. The results show that an addition of 1.18 wt% vanadium to the 
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base composition resulted in M 2X precipitation at 11 No M 2X precipitation 

was observed at 11000 e in alloy This that an addition of wt% 

vanadium is ineffective at forming M2X 

concentration of vanadium, which contributes 

0.2 wt% less than the actual concentration. 

niobium and vanadium, the influence 

be included in an equation for the index. 

level less 0.2 wt% (the effective 'Y\lnr."nT ... ",t-t 

as a fraction of the addition 

at 11 

um on MX 

ium 

is 

The equation 

vanadium on given for Yin gives this fraction and expresses 

M 2X precipitation at 11000 e when both niobium vanadium are to 

base composition. The equation is an expression between MX 

and M2X precipitation at 11000e as a function of um and vanadium 

additions. Any equation for niobium influence would complicated by 

the 0.2 wt% vanadium addition to the high nitrogen composition. An 

index for niobium, therefore is not simply the converse Yin' 

v. = wt%V 
In (wt%V - 0.2) + wt%Nb 

The value of Yin for each of the alloy compositions was n01rarrTl 

are shown in table 5.2.1. values with 

ng treatments at 11000 e give an indication of which 

M 2X) to expect on ageing at 11 OO°e. 

combinations of niobium and vanadium 

regarding the formation of either 

Table 5.2.1 ratios L""_UlcIlI::U 

and the 

can 

A"~ ABC D f F G H 

(MX or 

Vin 0.29 0.65 0.00 -0.08 0.96 0.45 0.48 0.05 
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The values for Vin for alloys D 

(representative of 1.18 wt% vanadium) 

1.17 wt% niobium} and E 

minimum and maximum values 

for these calculations. The value for alloys and E the boundary 

conditions for the proposed index. 

corresponds to the absence of M2X 

for alloy C is 0.00, which 

is consistent with 

loy E is 0.96, which represents experimental results. In ,..,..,. .... ,. ... ..,,, .. 

the maximum value of Vin for 

largest volume fraction of M2X 

corresponds to the 

in this alloy system 

alloy D is -0.08, which is 1100°C. The ue 

of a minimum value for the current and corresponds to 

at 1100°C. When val ues are with the 

results, they show that the index gives a prediction of the 

precipitation reaction that will occur in each of al ues 

represent the V1n for alloy D and V1n for alloy E that are of most in
1"OI"O"'1" 

competition between the effect of vanadium and niobium on M2X precipitation 

and MX precipitation respectively. V1n for alloys H and A are below and no 

lar precipitation was observed in these al at 

ues for V1n for alloys B, F and G are ,..r",,,,f",,,r 

was in each of these alloys. The value for than 

so that M2X precipitation is avoided. There is no niobium and vanadium 

occur at 11 

fi 

is below 

a ue of Vin it is not 

will result in lamellar precipitation or not. The value of Vn 

a useful indication of whether or not M2X pitation will 

as a result of the niobium and vanadium loy. A 

is that the index must be used in with the 

that niobium additions favour MX precipitation. When the value Vin 

no M2X precipitation occurs, and instead MX precipitation occurs 

niobium levels. The value for Vin for alloy C is but 

is I niobium in this alloy no MX precipitation is in the 

of M2X precipitation. 
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5.2.2 MECHANICAL BEHAVIOUR 

5.2.2.1 TENSILE PROPERTIES OF THE HIGH NITROGEN STEEL ALLOYS 

The tensile test results for alloys A, D and H where MX precipitation was observed 

have shown that the formation of these precipitates during ageing improves the 

strength of the steels compared to their solution treated counterparts. Thus the 

basic objective, to improve strength by the formation of a fine dispersion of 

precipitates, can be achieved in the high nitrogen steel alloys by ageing at 11 OOCC, 

provided the niobium and vanadium balance favours MX precipitation. In 

addition to improved strength as a result of the presence of MX precipitates, ageing 

at 1100c C also decreased the elongation to failure of alloys A, D and H. The 

tensile test results for these three alloys after ageing for 0.5 hours, 2 hours,S hours 

and 10 hours show further that there is a common trend in the tensile results as a 

function of ageing time. S~ort ageing times are associated with relatively higher 

yield strengths and a lower elongation to failure, whereas longer ageing times are 

associated with comparatively lower yield strengths and a higher elongation to 

failure. 

The purpose of the tensile tests was to determine the optimum ageing time for 

alloys A, D and H that would result in the best combination of yield strength and 

capacity for plastic work, since both yield strength and capacity for plastic work 

are important for improved abrasive wear resistance117. 

5.2.2.2 ABRASIVE WEAR PERFORMANCE 

On the basis of classic models for volume (or mass) loss during abrasive wear, the 

total volume loss of material should be directly proportional to the abrasive path 

length l16
• From these models it is expected that any abrasive wear test result that 

shows volume loss (or mass loss) versus abrasive path length should exhibit a 

linear relationship between these two parameters l16
• Further, the degree of scatter 

about a best-fit straight line for such data should not be large. The best-fit straight 

line plotted for the data should also go through the origin of the graph. Intuitively 
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there a zero mass loss at a path length zero. These criteria some 

indication the efficiency of the abrasive wear on the characterisation 

abrasive wear performance of a material. If the used to characterise 

abrasive wear performance of a material these criteria, 

measured resistance of the material be considered accurate. 

The that have at:>lnt:>"::Itc.rI for alloys A, C, D, E and H in 

current were plotted as mass loss versus the abrasive 

specimen has the same path length. Volume loss was not 

density. 

possible 

line seldom 

axes. 

The pin on 

results of abrasive wear show considerable scatter about a 

line. In addition, careful study data shows that the rU:>,C:T_T'T 

through the origin of the mass versus abrasive path length 

apparatus used for has given 

abrasive wear many engineering materials, 

including nitrogen steel alloys 136,137. in the results 

cannot be buted to the apparatus for characterisation of abrasive wear 

performance. A possible explanation for the experimental error observed in 

abrasive wear is the inhomogenities with cast materials. 

materials are known for extensive porosity it is probable that the scatter 

the abrasive wear results is the result of both and inhomogenities in 

the high nitrogen steel alloys. 

Examination abrasion results of alloys A, E and H in the solution 

condition (figure 4.1.14) show that there is more scatter in the results of 

alloys A, D H than alloys C and E. Further, results from alloys C and E 

show that a line plotted for these results would through the origin, 

which is not case for alloys A, D and H. that the scatter observed 

in wear results for alloys A, D and H a result of the 

blocky It been previously if there are hard 

and they are a 

abrasion or larger, then the material will 

size to the scale of the 

to abrasive wear 
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heterogeneousli 16
• It can be seen from figures 4.1.2 (c), 4.1.4 (a) and (d) that the 

abrasive wear particles are smaller than the blocky precipitates present in alloys A, 

D and H. Any heterogeneity associated with the blocky precipitates in alloys A, D 

and H will be carried though to the abrasive wear results on aged samples of these 

alloys because the blocky precipitates remain after the solution treatment. The 

abrasive wear test results therefore cannot give a comprehensive characterisation 

of the abrasive wear performance of the specimens tested. The results have shown 

however that there are some trends that are consistent for alloys A, D and Hand 

should be discussed. These trends however, must be considered in the context of 

the integrity of the abrasive wear characterisation of the high nitrogen steel alloys. 

The abrasive wear tests on alloys A, D and H (figures 4.2.28 (a), (b), (c) and 4.2.30) 

firstly show that the presence of MX precipitates in the microstructure does not 

improve the wear performance of the alloys compared to alloy C, which contains 

no MX precipitation. This is the most obvious conclusion that can be drawn from 

the abrasive wear tests on alloys A, D and H after various ageing treatments at 

1100°e. It is difficult to gauge the effect of the fine MX precipitates on the wear 

performance of the high nitrogen steel alloys, since these never formed in the 

absence of the large blocky precipitates. As has been discussed in section 5.1.2, 

these blocky precipitates reduce the wear performance of the steel compared to 

alloy e. It cannot be determined therefore whether fine MX precipitates in the 

absence of large blocky precipitates would improve the wear performance 

compared to alloy e. 

The second trend that should be noted is that in alloys A, D and H the abrasion 

resistance of the alloys aged for shorter times was lower than the abrasion 

resistance for the longer ageing times. Further, in the case of alloys D and H, 

specimens aged for longer times resulted in abrasion resistance similar to that of 

the solution treated counterpart. Thus the results of abrasive wear tests on alloys 

A, D and H after ageing for different times show that the wear performance is 

somewhat dependent on the ageing treatment that the alloy received. It has been 

demonstrated that improved hardness results in improved wear performance116
• 

Further, it has also been demonstrated that the materials capacity for plastic work 

and the workhardening ability are also properties that should be optimised for 
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improved wear resistance l17
,119. The trend in the wear results of alloys A, D and H 

show that when the elongation to failure is greater and the yield strength lower, 

the wear resistance is improved. When the strength is improved at the expense of 

elongation to failure at shorter ageing times the abrasion resistance is lower. Thus 

these results indicate that the materials' ability to plastically deform should be 

optimised with improved strength during precipitate formation in order for the 

abrasion resistance to be improved. 

The third most obvious result of the abrasive wear tests is that alloy E after ageing 

at 11 OO°C shows poor wear performance. The scatter in the data about a possible 

best-fit line for the results of abrasion tests for alloy E is particularly large. This 

alloy contains lamellar colonies that are frequently heterogeneously distributed in 

the austenite and possibly account for the scatter in the data for the tests on alloy 

E. The results do show that the precipitate distribution in alloy E resulted in poor 

abrasion resistance compared to alloys C and E in the solution treated condition, 

shown in figure 4.2.29). It has been reported by Hawk et al that during abrasive 

wear of steel with M 2X colonies of lamellar precipitates, microfracture occurs in 

the region of the precipitate colonies107
• Should microfracture occur in the region 

of the discontinuous precipitate cell colonies, the wear debris from the cell regions 

results in a three body abrasive wear situation, resulting in rapid material removal 

from the abraded surface and poorer overall wear performance. This gives an 

explanation for the poor wear performance of this alloy and the errors associated 

with abrasion wear test data from alloy. E after agei ng at 11 OO°C for two hours. 

The importance of the correct niobium and vanadium additions to the high 

nitrogen steel base alloy for improved wear resistance is illustrated by the abrasive 

wear results. In spite of the scatter in the abrasive wear results it can be concluded 

that the formation of M 2X precipitates results in poor abrasion resistance compared 

to those alloys with MX precipitates. When niobium and vanadium are added to 

the high nitrogen base alloy the levels should be adjusted so that M 2X precipitation 

is avoided and MX precipitation formed instead. The value for Vin (discussed in 

section 5.2.2.1) therefore must be less than 0.45 so that MX precipitation occurs in 

preference to M 2X precipitation. When the value of Vin for the niobium and 
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vanadium balance indicates that MX precipitates will form, the alloy should be 

aged for longer ageing times; greater than two hours, for better wear resistance. 

5.3 THE fORMATION OF lAMEllAR PRECIPITATES 

5.3.1 MICROSTRUCTURAL EVOLUTION 

The formation of M 2X lamellar precipitates was most prolific in the high nitrogen 

steel alloys during ageing treatments at BOO°C and 1000°e. The formation of the 

lamellar precipitates proceeded as a discontinuolJs cellular precipitation reaction. 

Cell colonies evolved on grain boundaries that contained, in most cases, lamellar 

precipitates. The lamellar precipitates possessed an HCP crystal structure with an 

M 2X stoichiometry and an orientation relationship with the austenite matrix such 

that the close packed planes were parallel. This type of precipitate is normally a 

chromium rich nitride (Cr2N), but in the case of high nitrogen steel alloys with 

vanadium additions, the precipitate was rich in both chromium and vanadium. 

The discontinuous precipitate cells showed features that are typical of this type of 

reaction in high nitrogen steels and other steel systems31
,34,76,77. The interlamellar 

spacing increased as boundary migration proceeded and the boundary frequently 

extended ahead of the precipitate lamellae. Further, the precipitates were 

fragmented in the precipitate colonies in some of the alloys. The migration front 

was characterised by a high angle grain boundary that left a colony of precipitate 

cells behind it. The precipitate cell took on the orientation of the growing grain as 

it consumed the adjacent grain. The original position of the boundary, where 

nucleation of precipitates occurred, was marked by a series of dislocations. 

Misorientation calculations showed that these dislocations marked a low angle 

boundary. In addition, di'slocations, stacking faults and twins were also frequently 

observed to form in the austenite between the precipitate lamellae. 

The precipitation of M 2X, observed in high nitrogen steel alloys, is typical of high 

nitrogen steels where the discontinuous cellular precipitation of Cr2N has been 
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widely reported 31
,32,124. The reaction in the current system can be classified 

according to the definitions given by Williams and Butle~O and later by Findik138 as 

a type 1 precipitate reaction as follows: 

Prior to the precipitation reaction, the austenite is supersaturated with nitrogen and 

to a lesser degree chromium. The supersaturated austenite (y) transforms to an 

M 2X precipitate and less saturated austenite (y') containing less nitrogen and 

chromium. In the case of the high nitrogen steel alloys in which the M 2X 

precipitates are rich in vanadium, the transformed austenite (y') will also contain 

less vanadium. 

Williams and Butler indicated in their review that there is no single mechanism 

that can explain the occurrence of discontinuous cellular precipitation that can be 

applied to the wide range of binary, ternary and more complex alloy systems in 

which it has been observed50
• Many authors have proposed theories and 

conditions for the occurrence of the discontinuous reaction, but many of these 

explanations are only relevant to those systems that were investigated by the 

respective authors. It is clear from the work that has been reviewed here that 

precipitates should nucleate on a grain boundary and that the boundary should 

migrate in order for the precipitation reaction to proceed as a discontinuous 

cellular precipitation reaction. The origin of boundary migration is possibly the 

most important factor in the occurrence of discontinuous cellular precipitation 

(OCP). The difference between a series of grain boundary allotriomorphs and a 

discontinuous cellular precipitate cell containing lamellar precipitates is the 

boundary migration associated with the OCP reaction. The driving forces for 

boundary migration have been discussed extensively in sections 2.2.2.1 and 

2.2.2.2. Each of these driving forces will be discussed with particular reference to 

the discontinuous cellular precipitation of M 2X in the current system. It is not 

expected that anyone of these driving forces contributes solely to the total driving 
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force for boundary migration, but rather boundary migration is a consequence of 

more than one of these effects. 

The requirements for the 'pucker mechanism53
,54 are relevant to the current system 

and would thus support driving forces associated with precipitate/matrix interfacial 

energy effects. In the current alloy system, there is a high mismatch between the 

HCP M 2X precipitate and the FCC matrix and it has been shown that the 

precipitate favours a specific orientation relationship with the austenite matrix such 

that the dose packed planes are parallel. Tu and Turnbull's theory has been 

criticised by several authors and many have suggested that the interfacial energy 

effects associated with the formation of a grain boundary precipitate cannot 

account for the total drivling force for the boundary migration necessary, for the 

development of a precipitate ceIl SO
,S8. It has been observed in alloy C after ageing 

for 10 minutes at 800°C that the boundary might have been pulled into the 

'puckered' configuration. This is not sufficient to prove that the interfacial energy 

differences represent the only driving force for boundary migration in the current 

system. Further, evidence that 'puckering' of the boundary leads to interface 

migration has been reported to be lacking in systems where 'puckering' has been 

observed50
• If this mechanism operates in the high nitrogen steel alloy system it is 

certain that other mechanisms must contribute to the total driving force for 

boundary migration. 

Nes and Billdal proposed that the boundary is pulled by the capillary action of the 

precipitates, and this effect accounts for boundary migration during the 

development of a precipitate ce11 59
• This theory cannot be applied to the current 

system, since the precipitates within the cell, in some cases, have a fragmented 

morphology. Such fragmented precipitates that form discontinuously are not able 

to exert a capillary effect on the grain boundary. Further, the cell boundary often 

bows ahead of the precipitates, which also shows that boundary migration is not 

the result of a capillary action of the precipitates. 

Fournelle and Clarke suggested that any polycrystalline material will seek to 

decrease grain boundary area at elevated temperature by grain growth and that this 
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accounts for initial driving force for boundary migration necessary for 

discontinuous lular precipitation61 . This also cannot account for 

boundary migration in the current system occurred in 

with a In absence of the reaction, the 

force would therefore be limited. Ie and Clarke also said 

that once the nucleated, further is supported by the 

concentration of sol ute in the boundary61. 

that the boundary would migrate immediately after 

search of more sol ute. Meyrick stated that the 

and Meyrick60 showed 

of a precipitate in 

for sol ute was necessary to 

keep the boundary at a minimum value, 

would feed growth of precipitate. Either way, 

precipitates on a boundary could then drive 

requires for precipitate is 

boundary. boundary migration could 

current system. 

said that the sol ute 

growth of 

mechanism 

along the grain 

Iy be applied to the 

Sulonen proposed 

originated from a sol 

driving force for boundary migration during 

enriched or solute depleted zone ahead of the boundary, 

which caused 

during precipitation of 

doubtful that this 

d i sconti n uous 

in that region63. It 

precipitates in an austenitic 

could account for the boundary 

. Chromium enrichment or 

ahead of the boundary would not significantly affect the 

previously shown 

steel that it was 

during the 

in a region 

of the 

austenite and would not result in any coherency n to drive boundary 

migration34
• The preci that form discontinuously in current high 

nitrogen steel alloys are in chromium and vanadium, a concentration of these 

elements will not affect parameter of the It is 

doubtful therefore that a solute enriched or depleted zone (in or 

vanadium) would exert any 

model not 

system. Hil 

the boundary at 

strai n in that coherency 

contribution to the driving force in the 

argued that it is the gradient 

of precipitate formation that can 

deviation from equilibrium conditions, and can account m 

in local 

of the 
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boundary. Boundary migration is thus solute I"H'"/on Once boundary 

model proposed then the process is 

229 

is 

Hil and 

lagneborg can be applied the current and is possibly most significant 

driving boundary migration in the high nitrogen steel alloys. 

Similar driving forces to that have discussed for DCP are relevant to 

diffusion induced boundary migration66
• The phenomenon that connects D.IGM 

with is the diffusion of solute along a boundary, It has been 

that is a type of DIGM process66
• Drivi forces as coherency strain 

OTT£.rTC and ute driven boundary are both to DIGM and DCP. 

Such drivi forces do not require pitates to drive boundary migration unl 

the 'pucker mechanism53
,54 and capillary proposed by Nes and Billdal59

• 

It is proposed therefore that nucleation growth precipitates on a grain 

boundary in conditions that favour migration of the boundary on which 

precipitates nucleated. These are similar the conditions that favour 

DIGM: boundary diffusion of solute and solute driven boundary migration. 

Should these conditions the boundary be mobi then of 

boundary allotriomorphs will develop into a precipitate colony by a discontinuous 

cellular reaction. Conversely, precipitation might result in favourable conditions 

if boundary, where nucleation occurred, is not mobile then discontinuous 

lular pitation will not occur. Possible reasons for boundary 

mobility are that the atoms exert a drag on the boundary. 

Further, the boundary might be pinned by 

not form discontinuously. 

form of precipitation does 

The nucleation of precipitates on the boundary 

around the The driving force for the phase 

a depleted region 

that occurs at that 

temperature provides a driving force precipitate growth. As precipitate 

grows it removes solute from the grain boundary. In order for precipitates to 

grow further, they are fed by boundary diffusion of ute. The boundary 

in search of more as describe by Tu57 and Meyrick60 DCP, and 

also by for DIGM. At this point a composition gradient can be set up in 

the of the boundary, which could create coherency . Alternatively, a 
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chemical driving force as a result of the concentration grad 

the boundary34 can develop which then drives boundary migration. 

nucleation the precipitates on grain boundary, together with 

230 

of solute in 

way the 

boundary 

diffusion 

forces 

have conditions which either driving 

.24 (a) and (b) show the nucleation of grain 

boundary precipitates in alloy e at 1000ce for 10 minutes. These 

precipitates are expected to develop into discontinuous precipitate 

longer times at 1000ce. The that 

nucleation boundary and bows between the 

observation indicates that boundary migration is the result of 

solute or the result of a compositional gradient. Boundary migration 

the micrographs might also from coherency n as a 

depletion in of the 

after 

point of 

This 

for 

solute 

Once the discontinuous precipitation reaction initiated, precipitate 

lamellae to grow behind migrating boundary, it proceeds as a type of 

DIGM The boundary of the precipitates which act 

as receptors ute. Thus like DIGM, ute is left behind in the form of 

solute rich precipitates, but of the alloyed zone that forms during DIGM, a 

two phase structure is left behind migrating boundary. The reason that the 

boundary ahead of the precipitate cells can now in terms of 

the two 

migrates under coherency 

coherency strain that builds up 

boundary migration that have 

driven boundary migration). If 

proposed 

boundary 

driving it does so to annihilate the 

of the boundary. Ifthe boundary to 

search for ute then it will so in order to the concentration gradient 

the In the case of these driving forces, it is possible for the 

boundary to bow out ahead of 

The current 

discontinuous 

show that 

lular 

pitates. 

niobium and additions the 

of M 2X in the high nitrogen steel 

alloy system in some way. When vanadium is added to the steel, in the absence 

of niobium (alloy E), vanadium participates in the nuous lular reaction, 
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ng in more prolific coverage of the with precipitate colonies. This 

is observed consistently in alloy E after 800aC, 1000aC 1100ae. In 

when niobium is added to (alloy of 

discontinuous cell precipitation of M 2X is found at 11 1000aC 

treatments. I of the M 2X niobium rich MX precipitates 

have formed. When alloy D was aged at 800a C, discontinuous cellular 

precipitation of M 2X precipitates was as it was in all of other alloys. 

volume fraction of lamel precipitation, at 800°C was than in 

composition, indicating that niobium suppresses 

lular precipitation M 2X precipitates during ageing at 800°e. 

discontinuous 

influence of niobium and vanadium on precipitation is also observed in 

loys with additions of 11 

the niobium and vanadium determines whether or not the 

nuous cellular precipitation of M 2X will occur (this has discussed 

extensively in section . During ageing at 1000°C, addition of 

both niobium and vanadium causes the mode of M 2X precipitation change after 

exposure at 1000°e. The M 2X in alloys A, H, 

first form then some time the discontinuous cellular 

stops and precipitates continuously with a plate-like 

observed in the alloy composition loy C) or in 

Instead, the d nuous cellular reaction proceeded as a discontinuous 

reaction following the initial of the 

precipitate The a 

way that the new colonies nucleate on boundaries old 

influence of niobium vanadium on the discontinuous cellular 

current system is now considered on of thermodynamic and ki 

OTTt:.rTC that these on M 2X preci 
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5.3.1.1 INFLUENCE OF NIOBIUM AND VANADIUM ON THE 

THERMODYNAMICS OF THE DISCONTINUOUS CELLULAR 

PRECIPITATION REACTION 

The formation of M 2X precipitates was observed in the base composition of the 

high nitrogen steel alloy between temperatures of 800°C-1000°C. Vanadium 

additions to the base composition caused this phase to be stable at 11 OO°C, ie at 

temperatures greater than where it is stable in the base composition. It is proposed 

therefore, that vanadium additions to the high nitrogen steel base composition 

expand the phase field for the M 2X precipitate to higher temperatures, up to 

1100°C. 

The M 2X precipitate is expected to occur at 1000°C and 800°C and is observed in 

alloy C in this temperature range. Since vanadium participates in the formation of 

M 2X precipitates, the addition of vanadium to the base composition results in an 

increase in the solute level (the metallic constituent (M)) with respect to the M 2X 

phase between 800°C and 1000°C. An increase in sol ute level causes an increase 

in the supersaturation of solute in the matrix, which has been reported to favour 

the discontinuous cellular precipitation reaction by increasing the driving force for 

the precipitation reaction 31
,62. This is observed in alloy E, where the discontinuous 

cellular precipitation of the M 2X lamellae is more prolific than in the base 

composition alloy, namely alloy C. Furthermore, during extended ageing 

treatments at 1000°C the discontinuous coarsening reaction is also more prolific in 

alloy E than in alloy C. Thus the addition of vanadium is proposed to increase the 

driving force for the discontinuous cellular precipitation of M 2X precipitates in the 

high nitrogen steel alloy system. 

The addition of niobium also influences the stability of the M 2X precipitate in the 

temperature range that precipitation is expected to occur in the alloy base 

composition. The experimental results show that no M 2X precipitation is observed 

after ageing for 100 hours at 1000°C when 1 wt% niobium is added, in the 

absence of vanadium, to the base composition. This observation was supported 

by the results of Thermocalc, which show that no M 2X precipitation is to be 
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In alloy D at 1000°C. Niobium additions therefore 

formation of M2X precipitates 1 in current system. At 

for M2X 

lar spacing 

A, B, E, F, G and H after 

is evidenced by 

M2X lamellae within the precipitate Is in 

8000 e compared to ageing at 1000°C. 

volume fraction of M 2X precipitates for 100 hours at 8000 e is 

in loy D than in the base composition alloy. Thus niobium additions 

formation of M2X precipitates at compared to the base composition. 

additions of niobium and vanadium to the base composition ......... "' .. a ....... 

mode of M2X to in alloys A, G and H during 

1 M2X precipitates fi and later continuously. 

the thermodynamic effect of niobium on the can explained in terms 

lity of M2X precipitates. a force for precipitation favours 

discontinuous cellular reaction over continuous reaction62, a decreased 

drivi force for the M2X phase could cause the mode of precipitate formation to 

from discontinuous to continuous31 ,n. It has already been proposed 

niobium additions reduce the driving formation of the M2X 

when niobium is added at 

the overall influence of 

at 1000°C. 

levels with vanadium then it is 

Amlontc is a reduced driving 

nor'o",,-o in precipitation behaviour in al e and E and in alloys A, B, F, G 

and H further emphasises the role of niobium on driving force for the 

discontinuous cellular reaction. The results of treatments at 10000 e show 

that the discontinuous cellular reaction in alloy e not terminate, even when 

the sample is covered with precipitate This shows that there is sufficient 

MX 

saturation of nitrogen in the base r,....,nnn,r.<:"t"'r1,n 

still drive the discontinuous 

at 10000 e might also remove 

supersaturation in this way. Prolific 

loys A, B, F, G and H 1 

even extensive er 2N 

The formation of 

id solution, thus 

MX precipitates was not 

it is thus doubtful that the 
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formation of this would influence the solute supersaturation in 

It is formation of large blocky 

sufficient nitrogen from solid solution to 

d 

M2X precipitates to form discontinuously. Calculations simi to 

in 1.1 for alloys D and F, were completed loy A 

niobium and vanadium was used up during sol 

would decrease from 1.02 wt% to O.B wt% (a d of 

wt%). Although it is doubtful that the decrease in nitrogen level would as 

wt%, a decrease of 0.1 wt% from 0.5 wt% influenced the driving 

the discontinuous cellular precipitation reaction31
• In this 

observation, in nitrogen supersaturation is not as significant in alloy 

A, than a of 0.1 wt% from 0.5 wt% as observed by Kikuchi et apl. 

of niobium in the high nitrogen steel alloys, on the discontinuous 

pitation of M2X, is emphasised by the observation that only the alloys 

blocky precipitates show a change in precipitation M 2X 

Alloys C and E do not show a change in precipitation 

n no blocky precipitates during solidification. It is therefore concluded that 

addition of niobium influences the driving force for M 2X precipitation which 

combination 

change in precipitation mode of the M 2X precipitates in alloys A, 

which niobium influences precipitation is possibly a 

the effect on the formation of large blocky precipitates (and 

t" .. .,." .. on from solid solution) as well the suppression 

by niobium at 1000°e. 

1.2 INFLUENCE OF NIOBIUM AND VANADIUM ON THE KINETICS OF 

THE DISCONTINUOUS CELLULAR PRECIPITATION REACTION 

show that the addition of vanadium to the high nitrogen 

alloy in a larger volume fraction of discontinuous cellular precipitation of 

M 2X than observed in the base alloy. This is evident when 

al C and E after ng for two hours at BOO°C and 1000°e. As discussed 
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1.1, additions to the high nitrogen steel alloy in 

an saturation in the austenite matrix, which in turn favours 

discontinuous lular precipitation62
• It has been demonstrated that a high sol 

will the activation energy for precipitation133, and 

1"1"'10'""",1",,,,''''''' increase the nucleation rate for the discontinuous cellular precipitation 

addition of vanadium also results in precipitation 

ki of discontinuous precipitation of M 2X precipitates in h n'T.-ru:,C'" 

This explains the observation that a larger volume 

lamel 

ageing 

is observed in alloy E compared to alloy C same 

800°C and 1000°C. 

Niobium might 

c"",n]e;>r1 is that the 

a 

a kinetic effect on the 

in the alloys where a 

within the colony are 

in the boundary might 

discontinuous Ainsely et al have shown that when the boundary 

is slow, are particulate in nature, but when the boundary 

is i precipitates have a classic unbroken lamellar structure76
• 

evidence was found in the current work that the velocity of boundary migration 

decreased as reaction from the observation the 

within Is were swol at the boundary. This 

widened they could not lengthen as boundary velocity 

It has in mild that the addition of niobium down 

because of a solute drag effect of this on 

up 

Niobium is a 

al 

table 

atom compared to 

viz chromium, iron and was 

1.1. It is expected that this element would 

and exert a solute drag on any 

would occur in the alloys. Since boundary is 

fundamental the occurrence of the discontinuous cellular precipitation 

boundary mobility will slow the reaction and even the 

the M 2X phase to form continuously. 
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It is also observed in the present work that MX precipitates have nucleated on the 

grain boundaries, which would inhibit boundary migration. This evidence was 

observed in alloy D at 1000°C, but in this case it has been shown that niobium 

suppresses the formation of the M 2X phase at 1000°C rather than slowing the 

kinetics of formation. The M 2X phase was not observed in alloy D even after 

ageing at 1000°C for 100 hours. In alloy B however, after ageing at 1100°C, 

where M 2X precipitates initially formed by the discontinuous cellular reaction, and 

then later continuously, the MX precipitates are also present in the microstructure. 

In this case the addition of niobium can have a kinetic effect on the formation of 

M 2X precipitates. The MX precipitates do not participate in the discontinuous 

reaction and are therefore able to pin the boundary, slowing boundary migration 

and even stopping the discontinuous reaction. Further, the discontinuous reaction 

might have been able to proceed for some time before MX precipitates formed and 

imposed a pinning effect on the migrating boundary. 

The indications are that both niobium and vanadium have a combined 

thermodynamic and kinetic effect on the discontinuous cellular precipitation of 

M 2X precipitates. When these elements are added together, their role on the 

formation of discontinuous cellular precipitation of M 2X precipitation is complex. 

5.3.2 TWIN FORMATION IN THE PRECIPITATE CELLS 

In a study of the nucleation and growth of discontinuous cellular precipitation of 

the M 2X lamellae in alloy C during ageing treatments at 1000°C and 800°C, it was 

shown that extensive twinning occurs within the precipitate cells. The twins were 

frequently noted as islands within the precipitate colonies. The twin density was 

greatest during the early stages of the discontinuous reaction and decreased with 

ageing time (with discontinuous precipitate cell growth). In an attempt to 

determine whether the twins originated from recrystallisation (dislocation 

annihilation) or from boundary migration, specimens of alloy C were cold rolled in 

the laboratory and then annealed for two different times (section 4.3.3). Electron 

backscatter diffraction (EBSD) studies of these two samples showed that the twin 
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density was greatest following recrystallisation and after further 

anneal and associated growth. The twin density is described in 

current study as the number of coherent twin boundaries per unit as 

described by et 

A number of have UIJ'U"""U for formation annealing twins. 

Some explanations are based on the influence of the interfacial of the n 

boundary during grain growth and others are more closely associated with a 

reduction in dislocation density during recrytall Goodhew has proposed 

that a boundary will dissociate during boundary in to reduce 

interfacial energy, and result in the formation of an anneal 

boundary dissociation and associated formation of twins is shown in figure 

1.1140. The I effect the formation of newly rO::>!'orl grain boundary 

B) and two twin boundaries (eT) and the incoherent n 

boundaries (IT) is a ... £', .... :..0" .... in interfacial energy of boundary, compared to 

energy of the boundary dissociation 140, The nCu~l"t:I::"';:'" 

energy the boundary during boundary migration is the 

annealing twin formation. 

ITL.-_--:lIlC'I\Il"" ___ ~ 

in interfacial 

force 

5.1.1 formation of a twin during boundary as a of dissociation of the 
boundary (CB) into a twin and a grain (NCCB) after Coodhew14o

• 

coherent and incoherent twin boundaries are indicated by CT and IT. 
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A condition for the mechanism or()o()sea by Goodhew is that twins cannot form as 

islands within the twin formation proposed by 

Goodhew could not be applied twin formation during discontinuous lular 

precipitation since islands twins were frequently observed within 

colonies. If the driving anneali twin formation were a 

boundary energy, then followi twin formation, the boundary would 

dissociate back to its original configuration. In addition, if boundary 

were a prerequisite for twin formation it would be expected that twin 

would with or at least not decrease significantly. It was 

shown in 3 (b) that twin density decreased with grain growth 

in the current high 

precipitate 

growth. 

grain boundary 

nitrogen 

alloy system. Further, the twin density within 

rlo,rro:::,,::.c,rI with increased discontinuous precipitate 

twin formation is not a of 

boundary migration in the 

Form et al have pr()p()se'a that twin formation during recrystal 

growth results in an reaction path for the elimination 

Thus twin formation is a result of dislocation annihilation during 

This was supported by the observation that that twin density unit area 

authors 

n growth, 

increased with the amount of cold work prior to 

also 

new 

It 

the twin density per unit area 

proposal that twin formation is not a of 

during boundary migration. this argument, no 

growth and in fact some are even annihilated as the 

smaller grains. 

been shown that boundary cannot explain twin 

formation discontinuous cellular the annealing 

formation is 

twin boundaries that 

treatments on the two cold rolled samples of 

a annihilation in the current 

formed within precipitate colonies during 

formed in spite of a fully annealed and solution '-.. o:::.'-""rI structure prior to ageing. 
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The dislocations that are twin boundary formation therefore must 

originate from the formation of the precipitates within the colonies. 

Goodhew suggested that twin as a consequence 

Goodhew also argued of partial dislocations at 

if this were the case then be present within the ns, 

the author did not 

not further by 

were observed within the 

nucleation it was therefore 

of twins in the austen 

discontinuous cellular 

of M 2X in the high nitrogen alloys, this mechanism of twin 

formation will be discussed further. In later work by and Murr, the authors 

proposed that twin boundaries could at 

Further they showed that an increase in step or 

in an increase in twin density141. 

for dislocations and in low stacking fault 

into partials connected by a 

by emission of partial 

dislocations glide through the matrix 

during this process two paral 

on a grain boundary141. 

density on the boundary 

act as sources 

dislocations 

formation is thus 

boundary141. Regular 

in a noncoherent 

boundaries are 

In this way the annealing twin 'pops out' the boundary as a 

formation of partial dislocations emitted from 

boundary141. 

It shown that the formation of a precipitate lamella pm;sessl 

in austenite is often associated with the formation 

dislocations at of precipitateiaustenite boundary46. 

common to with a lamellar structure and 

occurs by . Figure 5.1 a 

ledges that on a 

an 

of 

are 
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;. 

aSS(JCla'rea with 
the 

Furuhara et al that for an HCP in an matrix, the 

dislocations form at the a precipitate in order to minim the m strain 

energy the noted to occur in the 

current study from observation of faults between M 2X precipitate 

lae in the high nitrogen aUoy system, shown in 

were also frequently between the precipitate lamel formed 

disconti in alloys. formation of partial 

dislocations in current high nitrogen steel is favoured because 

low stacking fault energy with the high nitrogen and manganese 

levels22
• 

From and it is fi· concluded twin formation is 

result dislocation annihilation in ,current system. Further it is proposed 

that the formation of boundaries within the precipitate colonies during 

discontinuous cell precipitation of the M 2X lamellae from 

development of precipitates themselves. an HCP 

structure and grow in FCC matrix so that the packed planes and 

directions of the are paral Dislocations partial dislocations form 

the within cells and provide source of twin 
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formation within the precipitate The plate-like lamella 

represent a source of ledges partial dislocations can nucleate. As 

by Meyers and Murr the ledges could act as nucleation for the formation of 

twin boundaries 141. It follows from this argument then that twin is 

proportional to number per unit area in steel. During 

stages of of the colonies, are many on the 

precipitate lae, since the lamellae are to grow by 

mechanism. extended when the drivi for precipitate growth 

has there are fewer ledges on the of the is 

explains why twin are observed in discontinuous precipitate 

cell in alloy e at 1 10 hours (figure (b)) 

(figure compared to the 10 minute treatment at same 

4.3.22 (a)). This argument is further supported the observation 

twin is observed within the precipitate colonies in alloy e 
8000 e 
of 

4.4.13) 

interlamel 

8000 e is finer than after 

number ledges per unit 

at 10000 e (4.3.20 (a)) for 

of the 

at 1000°C. means that 

and therefore more nucleation 

in the austen ite n.o" .. ,£,,., the lamel the 8000 e 
than looooe 

a greater 

ageing at 

same period 

ageing at 

a greater 

for twin 

treatment 

5.4 THE MECHANICAL PERfORMANCE HIGH N STEEL 

WITH NIOBIUM AND VANADIUM ADDITIONS 

influence of niobium and vanadium on the microstructure and mechanical 

of the al is summarised in 5.4.1 and 

Niobium and vanadium a 

precipitation reactions in the current Equally the precipitation 

current system play an important role in the mechanical performance the 

Vanadium additions the at 1100oe, cause 

discontinuous lular precipitation of M 2X precipitates to be more at 
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1000°C and 800°e. In addition vanadium additions also favour the formation of 

sigma phase at 800°e. It has already been discussed that these phases have a 

detrimental effect on the mechanical properties of the steel. The consequence 

therefore, of the addition of vanadium to the current system together with ageing 

treatments between 800°C-1100°C is a reduction in ductility and wear 

performance of the alloy. 

The effect of vanadium additions on M 2X precipitation also has implications on the 

microstructural evolution during cooling through the 1100°C-800°C temperature 

range when casting such a steel shown in figure 4.1.11 (d). A greater volume 

fraction of lamellar precipitates is observed in the as cast condition in alloy Ethan 

in alloy C (figure 4.1.11 (b). Any high nitrogen steel alloy with vanadium 

additions must therefore be cooled rapidly through this temperature range to avoid 

M 2X precipitation. Alternatively, following slow cooling through 1100°C-800°C 

the alloy will have to be solution treated at 1300°C for approximately two hours 

and then water quenched to dissolve the M 2X precipitates and promote a fully 

austenitic structure (figure 4.1.2 (b)). The mechanical performance of a high 

nitrogen steel alloy (alloy E) with vanadium additions is similar to that of the base 

composition (alloy C). The only difference is a marked reduction in fracture 

toughness associated with the vanadium additions. The addition of vanadium 

without niobium does not favour any precipitation reaction that results in 

strengthening of the steel, thus there is no benefit associated with the addition of 

vanadium. 

Niobium additions to the base composition limit the loss in ductility as a 

consequence of M 2X precipitation by suppressing the formation of this phase. A 

consequence of the effect of niobium on M 2X precipitation is that high nitrogen 

steel alloys with niobium additions can be cooled more slowly through the 

1100°C-800°C temperature range because niobium additions suppress the 

discontinuous reaction. No lamellar precipitation was observed in alloy 0 (figure 

4.1.12 (b) in the as cast condition, whereas lamellar precipitates were observed in 

alloy C (figure 4.1.11 (b)) in the as cast condition. Thus the addition of niobium is 
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in view of on the d precipitation M 2X 

common to nitrogen steels. 

Niobium additions formation MX precipitates, which some 

ing effect on These show some for 

improved wear performance and could possibly optimised further by 

niobium and vanadium and agei ng treatments at 11 aa°e. 

for 

influence of 

addition of this 

on solidification behaviour represents a d 

large precipitates that formed even 

when niobium was added at low levels the toughness steel 

considerably. High n have gained much popularity 

combination of high strength and good toughness thus any alloy addition 

causes a reduction in toughness of the is not desirable. Thus 

consideration must to the addition niobium in view of effect 

on idification behaviour of the steel. 

blocky precipitates that form as a result niobium additions the 

wear performance of the high nitrogen steel alloys compared to the loy. 

the formation MX precipitates during ng treatments 11 aaoe, 

wear performance high nitrogen steel is not improved compared 

to composition loy It could not whether the fi ne MX 

caused 

pitates inherent in al 

in wear or if it was 

A, 0 and H that ....... ,"''''.......... poorer wear 

to alloy e. Since niobium favours formation of blocky 

during solidification, any advantage with the formation of 

MX precipitates which is a consequence of niobium additions, is by the 

of the blocky 
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6. CONCLUSIONS 

• THE INFLUENCE OF ON THE HIGH NITROGEN STEn AllOYS 

II Niobium additions formation of large blocky which 

form eutectically during solidification of the melt. 

l1li Niobium additions in the of vanadium thermodynamically 

the formation of chromium nitride (Cr1N) precipitates at 1000°C, 

niobium was not able this form of precipitation. 

l1li Niobium additions in vanadium have been proposed to 

both a kinetic and +l">o, ......... ,I"'\,-h influence on the discontinuous lular 

preci pitation 

II Niobium additions did in formation of fine niobium rich nitrides (MX 

precipitates) at elevated temperature. When vanadium was with 

niobium the precipitate distribution was coarser and the particles were in 

both niobium and vanadium. 

l1li The addition of niobium alloys with vanadium favoured 

fine MX precipitates in nratar'ln 

vanad i um balance was 

0.45, at noo°e. 

M2X lamellae, when 

ue for (section 1) was than 
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• THE INFLUENCE OF VANADIUM ADDITIONS ON THE HIGH NITROGEN 

II Vanadium additions the formation of precipitates 

during solidi'fication, but added together with niiobium, the vanadium 

in the resulting in large blocky rich 

in both niobium and vanadium. 

II Vanadium additions favour the nuous cellular precipitation M2X 

precipitates in the high nitrogen alloy, by increasing the solute 

in austenite with respect to precipitate. further, vanadium 

the phase field for this form of to higher TOrT"""'-'" 

1100°C, compared to the where it is observed up 

1 

II additions favour the formation MX precipitates, but only when 

niobium is added to the steel and niobium and vanadium balance is 

opti to avoid the formation of M2X If the elements are not 

balanced correctly any advantage of MX precipitation is offset 

precipitation. 

II Vanadium additions favour the """"""""'ot-I of phase at 800°C in the high 
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• DISCONTINUOUS CELLULAR PRECIPITATION IN THE HIGH NITROGEN STEEL 

II The boundary d solute and the ability of boundary to m is 

of fundamental importance to the formation of discontinuous lular 

precipitates in the steel alloys. 

for the origi nates from II The boundary m ar'::lIT.rt,n 

that are set up by nucleation of the chromium rich (and in case of 

III 

vanadium alloyed chromium and vanadium rich) M 2X 

Immediately after nucleation, the boundary m in search of sol to feed 

growth of At this point possible driving that exist for 

boundary migration are search for concentration gradient 

effect ahead of the boundary and possibly a 

Evidence found for 

operate during 

observations by 

for the total 

alloy. 

'pucker mechanism' ....... ·~~l'';t''!$t$ that this mechanism might 

initial stages of cell Based on and 

authors, it is not that this mechanism Q'-\'.vu 

for discontinuous precipitation in the high nitrogen 

II Once the reaction initiated, it as a type of diffusion 

boundary migration The boundary migrates ute 

to the growi precipitates and a of co-operative between 

precipitate and boundary migration is ished. 
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• THE INFLUENCE OF PRECIPITATION REACTIONS ON THE MECHANICAL BEHAVIOUR OF THE 

HIGH NITROGEN STEEL ALLOYS 

.. The formation of blocky precipitates during solidification does not have a 

significant effect on the tensile properties of the steel, but reduces the 

toughness considerably. 

.. The presence of blocky precipitates in the steel reduces the wear performance 

of the steel compared to the base composition alloy. 

.. The influence of MX precipitation on the tensile properties shows some. 

sensitivity to the ageing time at 1100°C. 

.. Equally, the wear performance of the alloy with fine MX precipitates shows 

some sensitivity to the ageing time at 11 OO°e. The general trend is that the 

wear performance of alloys with MX precipitates was better after longer ageing 

times than shorter ageing times. 

.. The high nitrogen steel base composition showed superior wear resistance to 

alloys that contained any form of precipitation, including those with a 

favourable distributiofl of MX precipitates for wear resistance. 

.. The formation of M 2X precipitates at 1000°C results in increased yield strength, 

and reduction in ductility. The loss in ductility is a consequence of M 2X 

precipitation and is exaggerated after 'ageing at BOO°C as a consequence of the 

formation of sigma phase. 

.. The formation of M 2X precipitates reduced the abrasive wear performance of 

the steel considerably compared to the CROMANITpM base composition. 
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'For every is built by cnn"!",n God is the builder of everything. ' 
3V54 (NIV) 




